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University of Oulu Graduate School; University of Oulu, Faculty of Technology
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Abstract

This thesis has been made within the European Industrial Doctorate (EID) project called
Mathematics and Materials Science for Steel Production and Manufacturing, abbreviated as
MIMESIS, which has five partners: EFD Induction in Norway; SSAB, Outokumpu, and the
University of Oulu in Finland; and Weierstrass Institute for Applied Analysis and Stochastics
(WIAS) in Germany. The main aim of this work was to develop a steel composition and
processing route suitable for making a slurry transportation pipeline with the aid of induction
hardening, and to characterize the phase transformations and microstructures involved in the
various stages of the processing route.

A novel steel chemistry was designed based on metallurgical principles assisted by
computational thermodynamics and kinetics. The designed composition is a medium-carbon, low-
alloy steel microalloyed with niobium, in wt.% 0.40 C, 0.20 Si, 0.25 Mn, 0.50 Mo, 0.90 Cr, and
0.012 Nb. This was subsequently cast, thermomechanically rolled on a laboratory rolling mill to
two bainitic microstructures, and finally subjected to the thermal cycles predicted to be
encountered with the internal induction hardening of a typical pipe geometry. The phase
transformations and microstructures found at various stages of the simulated production process
have been characterized and algorithms developed to enable the optimization of microstructure
and hardness through the pipe wall thickness.

Keywords: austenite formation, MIMESIS, slurry erosion, induction hardening, steel
design, TMCP





Javaheri, Vahid, Uuden niobimikroseostetun keskihiilisen teräksen suunnittelu,
termomekaaninen käsittely ja induktiokarkaisu. 
Oulun yliopiston tutkijakoulu; Oulun yliopisto, Teknillinen tiedekunta
Acta Univ. Oul. C 713, 2019
Oulun yliopisto, PL 8000, 90014 Oulun yliopisto

Tiivistelmä

Tämä väitöskirja on tehty osana Euroopan teollisuustohtori (European Industrial Doctorate,
EID) -ohjelmaa projektissa eli Matematiikka ja materiaalitiede teräksen valmistuksessa ja käy-
tössä (Mathematics and Materials Science for Steel Production and Manufacturing, MIMESIS).
Ohjelmassa on viisi partneria: EFD Induction Norjasta; SSAB, Outokumpu ja Oulun yliopisto
Suomesta; ja Weierstrass Institute for Applied Analysis and Stochastics (WIAS) Saksasta. Työn
päätavoitteina oli kehittää teräksen koostumusta ja prosessointireittiä, jotka soveltuvat lietteen
kuljetusputken valmistukseen induktiokarkaisun avulla, sekä karakterisoida prosessin eri vaihei-
den aikana tapahtuvat faasimuutokset ja mikrorakenteet.

Uusi teräskoostumus suunniteltiin metallurgisten periaatteiden pohjalta hyödyntämällä las-
kennallista termodynamiikkaa ja kinetiikkaa. Suunniteltu teräs on niobilla mikroseostettu, mata-
laseosteinen ja keskihiilinen, eli painoprosentteina 0,40 C, 0,20 Si, 0,25 Mn, 0,50 Mo, 0,90 Cr ja
0,012 Nb. Teräs valettiin, valssattiin ja jäähdytettiin termomekaanisesti laboratoriovalssaimella
kahdeksi bainiittiseksi mikrorakenteeksi ja lopulta altistettiin lämpösykleille, joiden ennustettiin
olevan tyypillisiä sisäisesti induktiokarkaistulle teräsputkelle. Simuloidun tuotantoprosessin eri
vaiheissa havaitut faasimuutokset ja mikrorakenteet on karakterisoitu. Sen lisäksi on kehitetty
algoritmit, jotka mahdollistavat mikrorakenteen ja kovuuden optimoinnin putken seinämän pak-
suuden läpi.

Asiasanat: austeniitin muodostuminen, induktiokarkaisu, liete-eroosio, MIMESIS,
teräksen suunnittelu, TMCP
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Every ending is always a new beginning … 
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Abbreviations  

i.e. id est  

e.g. exempli gratia 

 

𝛼 ferrite 

𝛼  bainitic ferrite 

𝛽 solid particle impact angle 

𝛾 austenite  

𝛾  high carbon austenite  

𝛾  transformed austenite  

𝜇 material permeability (H/m) 

𝜇𝑚 micron metre 

𝜇𝑟 relative material permeability (H/m) 

𝑣  cooling rate (°C/hr) 

𝜌 electrical resistivity (Ω. 𝑚) 

𝜌   density of ferrite (kg/m3) 

𝜌   density of austenite (kg/m3) 

𝜌𝑤𝑝 density of induction hardened workpiece (kg/m3) 

ε empirical constant, Eq. 2 

𝜑1 Euler angle 

𝜑2 Euler angle 

𝜙 Euler angle 

𝜒 ,  maximum volume fraction of ferrite between Ae1 and Ae3 

𝜔 empirical constant, Eq. 2 

 

𝐴  equation fitting constant, Eq. 12 

Ac1 ferrite to austenite transformation start temperature (°C) 

Ac3 ferrite to austenite transformation finish temperature (°C) 

AC alternating current 

Ae1 ferrite to austenite equilibrium transformation start temperature (°C) 

Ae3 ferrite to austenite equilibrium transformation finish temperature 

(°C) 

ANN artificial neural networks 

𝐵 magnetic flux (V.s) 

bcc body centred cubic 

B(s) equation step function, Eq. 19 
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C0 initial carbon concentration (wt.%) 

CCT continues cooling transformation 

𝐶 𝑇  equilibrium carbon concentration of austenite at temperature T 

(wt.%) 

𝐶 𝑇  equilibrium carbon concentration of ferrite at temperature T (wt.%) 

CP specific heat capacity at constant pressure (J/kg·K) 

CR cooling rate (°C/s) 

CUB conventional upper bainite 

d90% effective grain size, i.e. grain size at the 90th percentile in the 

cumulative grain area distribution (μm) 

DUB degenerated upper bainite 

EBSD electron backscatter diffraction 

E electric field (V/m) 

EC erosion cutting component  

ECD equivalent circle diameter 

ED erosion deformation component  

EDS energy dispersive spectrometer 

EFTEM energy filtered transmission electron microscope 

EPMA electron probe microanalyser 

ET total erosion rate 

GCT grain coarsening temperature 

F(s) equation step function, Eq. 19 

f frequency of current (Hz) 

f  actual fraction of bainite 

fcc face centred cubic 

f  actual fraction of ferrite-pearlite mixture 

f  actual fraction of martensite 

FESEM field emission scanning electron microscopy 

FRT finish rolling temperature (°C) 

GB granular bainite 

HV  Vickers hardness of martensite 

HV  Vickers hardness of bainite 

HV  Vickers hardness of ferrite-pearlite 

I current (A) 

IPF inverse pole figure 

IQ image quality 

K(T) temperature dependent Avrami equation parameter 
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K thermal conductivity (W/(m·K)) 

K-S Kurdjumov–Sachs 

LB lower bainite 

LLLB lath-like lower bainite 

LSCM laser scanning confocal microscope 

M(s) equation step function, Eq. 19 

𝑚  equation fitting constant, Eq. 12 

Mp total mass of solid particles (g) 

Ms martensite start temperature (°C) 

n Avrami equation exponent 

ND normal direction 

NRX non-recrystallization 

ODF orientation distribution function 

OM optical microscope 

P(s) equation step function, Eq. 19 

P power (W) 

PAGS prior austenite grain size 

PF polygonal ferrite 

PI progressive induction heating 

PLB plate-like bainite 

𝑄  equation fitting constant, Eq. 12 

QST quench stop temperature 

QPF quasi polygonal ferrite 

R material resistance (Ω) 

RD rolling direction 

RMSE root mean square error 

RST recrystallization stop temperature (°C) 

SI stationary induction heating 

STEM scanning transmission electron microscope 

Ta austenitization temperature 

TD transverse direction 

TMCP thermomechanical controlled processing 

TNR non-recrystallization temperature (°C) 

TTT time-temperature-transformation 

UB upper bainite 

VIM vacuum induction melting 

VN normal velocity component of solid particles 
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VT tangential velocity component of solid particles 

W ,  maximum volume fraction of ferrite 

WD wavelength dispersive 

wt.% weight in percent 

XRD X-ray diffraction 
  



15 

Original publications  

This thesis is based on the following original publications, which are referred to 

throughout the text by their Roman numerals (I-V). 

I  Javaheri, V., Porter, D., & Kuokkala, V.-T. (2018). Slurry erosion of steel – Review of 
tests, mechanisms and materials. Wear, 408–409, 248–273. 

II  Javaheri, V., Nyyssönen, T., Grande, B., & Porter, D. (2018). Computational design of 
a novel medium-carbon, low-alloy steel microalloyed with niobium. Materials 
Engineering and Performance, 27, 2978–2992. 

III  Javaheri, V., Khodaie, N., Kaijalainen, A., & Porter, D. (2018). Effect of niobium and 
phase transformation temperature on the microstructure and texture of a novel 0.40% C 
thermomechanically processed steel. Materials Characterization, 142, 295–308. 

IV  Javaheri, V., Kolli, S., Grande, B., & Porter, D. (2019). Insight into the induction 
hardening behavior of a new 0.40% C microalloyed steel: Effects of initial 
microstructure and thermal cycles. Materials Characterization, 149, 165–183. 

V  Javaheri, V., Pohjonen, A., Asperheim, J.I., Ivanov, D., & Porter, D. (2019). Physically 
based modelling, characterization and design of an induction hardening process for a 
new slurry pipeline steel. Materials and Design, 182, 108047. 

The author of this dissertation has been the main and corresponding author in all 

the listed publications. He prepared the research plan, conducted the literature 

reviews, planned the production process of the laboratory made materials, and 

designed the experiments. He also analysed the data and interpreted the results 

together with Professor David Porter for all the articles. The role of the other co-

authors beside the reviewing and commenting on the above manuscripts was as 

follows. 

Dr. Tuomo Nyyssönen provided the Matlab script and related texts for the prior 

austenite grain reconstruction in the Paper II, Satish Kolli provided the diffusion 

transformation simulation for the binary systems in Paper IV, John Inge Asperheim 

did the induction hardening simulation for Paper V, Dr. Dmitry Ivanov directed the 

hardness estimation for the different samples and formulated the related text in 

Paper V, and Dr. Aarne Pohjonen developed the phase transformation model and 

prepared the related parts in Paper V.  

Briefly about the publications: Paper I is a comprehensive review of slurry 

erosion caused by solid particles mainly in liquid fluid covering the mechanisms 

and parameters involved. The paper also reviews the pros and cons of the main 

slurry erosion test rigs. 



16 

In Paper II, comprehensive thermodynamic computations were used to design 

a new steel chemistry for potential application in a slurry pipeline. Various 

metallurgical aspects related to pipeline lifetime are also considered in the paper.  

Paper III focuses on the evaluation of the texture and microstructure of the 

designed composition during and after laboratory thermomechanical controlled 

processing. Different types of bainite are identified and widely studied. Also, the 

role of Nb on texture and microstructural evolution has been discussed.  

Paper IV focuses on effect of heating rate on austenite formation and extensive 

thermodynamic calculations are used to explore the probable mechanisms involved.  

Paper V considers the design of an induction hardening process for an 

industrial slurry pipe using a physically-based CCT model coupled with an 

induction hardening simulation. 
  



17 

Contents  

Abstract 

Tiivistelmä 

Acknowledgements 9 
Abbreviations 11 
Original publications 15 
Contents 17 
1  Introduction 21 

1.1  Aim of the study ...................................................................................... 21 
2  Theoretical background 23 

2.1  Pipeline material design .......................................................................... 23 
2.1.1  Slurry erosion ............................................................................... 23 
2.1.2  Mechanism of erosion by solid particles ...................................... 24 
2.1.3  Parameters affecting slurry erosion .............................................. 25 

2.2  Pipeline production ................................................................................. 27 
2.3  Thermomechanical controlled process .................................................... 28 

2.3.1  Effect of Nb as a microalloy ......................................................... 29 
2.3.2  Texture .......................................................................................... 29 

2.4  Induction hardening ................................................................................ 30 
2.4.1  Induction heating rationale ........................................................... 32 

2.5  Phase transformation ............................................................................... 33 
2.5.1  Austenite formation during heating .............................................. 33 
2.5.2  Polygonal ferrite formation .......................................................... 34 
2.5.3  Bainite formation .......................................................................... 34 
2.5.4  Martensite formation .................................................................... 36 
2.5.5  Determination of critical phase transformation temperatures 

using dilatometric data ................................................................... 37 
3  Methodology 39 

3.1  Material ................................................................................................... 39 
3.2  Material characterization ......................................................................... 41 

3.2.1  Composition analysis (microsegregation investigation) ............... 41 
3.2.2  Microstructures ............................................................................. 41 
3.2.3  Texture evaluation ........................................................................ 42 
3.2.4  Hardness ....................................................................................... 43 
3.2.5  Gleeble simulation ........................................................................ 43 

3.3  Modelling and simulation ....................................................................... 45 



18 

3.3.1  Thermodynamic and kinetic simulations ...................................... 45 
3.3.2  Phase transformation modelling ................................................... 48 
3.3.3  Hardness prediction ...................................................................... 50 
3.3.4  Simulation of induction hardening ............................................... 52 
3.3.5  Prior austenite grain reconstruction .............................................. 53 

4  Results and discussion 55 
4.1  Slurry transportation pipeline material design ........................................ 55 

4.1.1  Choosing of C, Si, and Mn contents ............................................. 56 
4.1.2  Determining the optimum amount of Cr and Mo ......................... 58 
4.1.3  Determining the optimum amount of Nb ...................................... 61 
4.1.4  Slab reheating simulation ............................................................. 65 

4.2  Thermomechanical properties ................................................................. 67 
4.2.1  Microstructure .............................................................................. 69 
4.2.2  On the role of Nb on microstructure refinement ........................... 75 
4.2.3  Texture .......................................................................................... 80 

4.3  Induction hardening process.................................................................... 83 
4.3.1  Effect of heating rate on the critical re-austenitization 

temperatures ................................................................................. 84 
4.3.2  Effect of heating rate on the prior austenite grain structure .......... 91 

4.4  Role of heating rate and re-austenitization mechanism on the 

prior austenite grain structure .................................................................. 93 
4.4.1  Fine unimodal grain size distribution (heating rate up to 

50 °C/s) ......................................................................................... 93 
4.4.2  Bimodal grain size distribution (heating rates 100 and 

500 °C/s) ....................................................................................... 93 
4.4.3  Effect of heating rate on cementite dissolution ............................ 98 
4.4.4  Effect of heating rate on the final microstructure ....................... 102 
4.4.5  Effect of heating rate on the final hardness ................................ 105 
4.4.6  Effect of peak temperature on the hardness and 

microstructure ............................................................................. 106 
4.5  Modelling the effect of cooling rate on microstructure and 

hardness ................................................................................................. 108 
4.5.1  As-quenched microstructure ....................................................... 109 
4.5.2  Phase transformation model ....................................................... 113 
4.5.3  Induction hardening simulation .................................................. 116 
4.5.4  Hardness prediction .................................................................... 120 



19 

4.6  Prediction of through-thickness microstructure and hardness 

profile .................................................................................................... 121 
5  Summary and conclusions 127 

5.1  Development of a new steel composition suitable for an 

induction hardened slurry transportation pipeline ................................. 127 
5.2  Characterization of the effect of Nb on the grain refinement and 

texture strengthening ............................................................................. 128 
5.3  Designing the pipe induction hardening process considering the 

effect of heating and cooling rate in order to achieve the desired 

gradient of material properties through the pipe wall ........................... 129 
6  Novel features 131 
7  Future studies 133 
List of references 135 
Original publications 147 

 
  



20 

 



21 

1 Introduction  

In the long-distance, high-tonnage transportation of cement and mineral slurry, 

pipeline transportation is a unique method which finds a special place compared to 

other transport alternatives, like by rail, road or waterway. This is due to its 

reliability, safety, high efficiency and low operating and maintenance costs. Also, 

it has obvious advantages from the environmental point of view, i.e. less pollution, 

both chemical and noise pollution. Hence, many materials such as coal and 

limestone, and many mineral concentrates, like iron, phosphate, copper, zinc, lead, 

and nickel concentrates, have been safely and effectively transported over long 

distances by the pipeline systems [1].  

Nevertheless, slurry transmission by pipeline sets high demands on the pipe 

material with respect to slurry erosion resistance, toughness, and hardness, since 

they are operated under severe conditions involving highly erosive media [1]. 

Moreover, erosion-related problems cause serious financial losses in these 

industries and any damage of a pipeline system results in expensive replacement 

and repairs, loss of production rate and time, and possibly environmental 

contamination. Therefore, as failure is always hard to predict due to variable 

operating conditions, methods for reducing the erosion and increasing the lifetime 

of the pipe, including the improvement of the production process, or even the 

development of new steels for the pipeline systems, are of interest to these 

industries. Hence, three steps of pipe development and production—i.e. 

composition design, thermomechanical processing of the steel for pipe production 

and, last but not least, induction hardening of the pipe— are the focus of the coming 

sections. 

1.1 Aim of the study 

The objective of the project forming the background to this thesis was to design an 

economic steel chemistry suitable for use in a slurry transportation pipeline after cold 

forming, high-frequency induction welding and subsequent induction hardening. To do 

this, the effect of the chosen chemistry on some important aspects of the pipe production 

process such as thermomechanical processing of the steel and induction hardening 

needed to be taken into account. Thus, the aim of this work can be divided into the 

following sub-goals:  
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– To review slurry erosion in order to identify the main parameters involved and 

characterize the role of each on the total erosion rate.   
– Computational design of a new steel composition well suited to the production 

of and use in slurry transportation pipelines.  

– Characterization of the behaviour and properties of the new steel material 

during and after the thermomechanical controlled processing.  

– Evaluation of the effects of heating rate and peak temperature on steel 

hardening.   

– Development of techniques to evaluate the effects of induction hardening 

process parameters on the gradient of microstructures and material properties 

through the pipe wall thickness.  

 Scientifically, the thesis addresses the following topics and questions: 

– For the new medium-carbon steel chemistry, what is the optimum amount of Nb to 

avoid formation of NbC eutectic carbide during the solidification on the basis of 

niobium microsegregation calculation, and also what are the possibilities of taking 

niobium into solution prior to hot rolling? 
– The effect of Nb on the grain size of austenite after casting and after 

thermomechanical processing.  
– Are the commercial software packages, Thermo-Calc, JMatPro and IDS, 

sufficiently accurate for use in the design of a medium-carbon steel composition 

and its casting, and thermomechanical processing? 
– What is the effect of quench-stop temperature on the as-rolled (bainitic) 

microstructure of the chosen steel composition? 
– How is the crystallographic texture of the transformed bainite related to that of the 

parent austenite? 
– What is the effect of induction heating parameters, especially heating rate, on the 

austenite formation mechanism as well as on the prior austenite grain size and 

structure? 
– To develop models that can be used to optimize the hardness distribution through 

the wall thickness of an internally induction-hardened steel pipe made using the 

new composition and processing route. 
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2 Theoretical background 

2.1 Pipeline material design 

One way of meeting the required specifications for a slurry transportation pipeline 

is to design a composition for a thick-walled pipe that has extremely good slurry 

erosion resistance on the inner (working) surface, together with a sufficiently tough 

outer surface able to withstand the external loads and impacts that arise during 

handling, installation and maintenance.  

The design of new steels with desired combinations of sometimes contradictory 

properties is a challenging task for metallurgists as many parameters and variables as 

well as their complex interactions should be considered. For instance, in the case of 

steel pipeline for the transport of slurries, pipe service life benefits from high resistance 

to slurry erosion, which is sometimes synergistic with abrasion and corrosion [2], [3], 

combined with sufficient toughness. In many slurry transport applications, the main 

failure mechanism determining the slurry equipment life is erosion rather than abrasion 

or corrosion and it has been shown that longer service lives are obtained with a higher 

hardness of the working (inner) surface. Nevertheless, in order to design a reliable and 

high-performance steel composition, having a good picture of slurry erosion 

phenomena and considering all main parameters involved is essential. Hence, the 

following sub-sections concern slurry erosion and the main parameters affecting the 

total erosion rate. 

2.1.1 Slurry erosion  

Generally, a slurry is either a homogenous or a heterogeneous mixture of a fluid, 

i.e. a gas or a liquid, here mostly liquid, and one or more types of solid particles 

varying in size from a few microns to a few millimetres [4]. During the slurry 

transportation, slurry erosion can occur when the moving slurry strikes the pipe 

surface. Slurry erosion is a process of wear which is defined as the gradual loss, 

fracture or even displacement of material under the repeated impact of the existing 

erosive particles in the slurry on a particular solid surface. In other words, the 

process of metal removal from a surface owing to the impingement of erodent 

slurry particles on the surface is considered as slurry erosion [5]. Sometimes it is 

difficult to distinguish erosion from abrasion as both are mechanical wear processes 

showing many similarities [6]. The main difference is the fact that the contact time 
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between the erosive solid particle and the target surface in erosion is much shorter 

than abrasion [7] as erosion occurs by transferring kinetic energy from the 

impinging erodent particle to the eroded surface whereas abrasion is material loss 

due to the passage of solid particles over the target surface without any impact, as 

schematically demonstrated in Fig. 1. 

Fig. 1. Schematic illustration of a) solid particle erosion (Reprinted by permission from 

[7] 2015 © Springer) and b) solid particle abrasion (Reprinted by permission from [8] 

2016 © Taylor & Francis Online). 

 

2.1.2 Mechanism of erosion by solid particles 

Slurry erosion can occur due to two main mechanisms of “cutting” and “deformation” 
as originally described by Finnie [9].  The cutting mechanism arises from the erodent 

impacting at an oblique impact angle with sufficient energy to gouge a fragment loose 

from the eroding surface, while the deformation mechanism is associated with plastic 

deformation or subsurface cracking caused by the normal incidence of the solid 

particles [10]. 

Correspondingly, Clark and Wong [10], on the basis of previous works by Finnie 

[9] and Bitter [11], proposed that the total erosion (ET) occurring in unit time could be 

expressed as the summation of the deformation (ED) and cutting erosion (EC) 

mechanisms by the following simplified equations:  

 𝐸 𝐸 𝐸   (1) 
 

 𝐸  
   

  (2) 
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where MP	is the total mass of solid particles, VT and VN are, respectively, the values of 

the tangential and normal velocity components of the particle at the impingement angle 

𝛽 . ε and 𝜔  are empirical constants which are related to the specific energy for 

deformation erosion, and the unit of kinetic energy for cutting erosion.  

2.1.3 Parameters affecting slurry erosion 

Several researchers have studied and quantified the effect of various parameters on solid 

particle slurry erosion. The main parameters influencing slurry erosion can be 

categorized into four groups, i.e. i) the nature of the target surface, ii) the nature of the 

erosive particles, iii) the characteristics of the flowing slurry, and iv) the contact or 

impingement condition.  

Target surface properties  

The target material properties are most important parameters with regard to the total 

erosion and surface degradation in tribological systems [12]. In the case of steels, the 

slurry erosion rate is mainly affected by their microstructure, especially in the case 

of ductile steels whose microstructures consist of phases with differing physical and 

mechanical characteristics. Therefore, the mechanism of erosion depends on the 

response of the microstructural components to the erosion. For example, it has been 

observed that inhomogeneous target material properties arising from microstructural 

variations can lead to localized deformation by erosive particles even though the slurry 

flow is uniform. Hence, in order to select erosion resistant materials and to estimate the 

erosion damage in different applications, there is an essential need to link the material 

properties to the total erosion rate. The use of mechanical properties to estimate 

erosion rates has always been attractive thanks to its simplicity and the availability 

of data for many materials, which translate into low evaluation costs.  

It is widely reported that material hardness is one of the most important 

parameters affecting the erosion behaviour of a wide range of materials [13]–[19]. 

Despite the fact that it is generally believed that increasing hardness reduces the 

total erosion, some researchers believe that the material hardness is not necessarily 

a good indicator for estimating the erosion rate, and that some other mechanical 

properties should also be taken to the account [13], [20], [21].  In other words, it has 

been proposed that since material removal due to slurry erosion is mainly related to the 

formation and growth of lateral cracks, fracture toughness should be also considered 

for erosion prediction [22]–[25]. For instance, O’Flynn et al. [18] suggested that 
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erosion resistance can be correlated to the product of tensile toughness and uniform 

elongation strain. Tensile toughness is the energy required to produce fracture as given 

by the area under the true stress—true strain curve in a tensile test. It was shown that 

the total erosion rate increases by decreasing the product tensile toughness  uniform 

strain. In other words, if two materials have the same hardness, the tougher may offer 

better erosion resistance under the same conditions.  

Particle characteristics 

Many efforts have been devoted to correlate slurry erosion with various characteristics 

of the erodent particles [26]–[30]. The most common erodent particle properties which 

have been reported to affect the total erosion are particle shape, size, density and 

hardness. About the solid particle shape as one of most important properties of erosive 

solid particles, it is clear that angular-shaped particles will produce more erosion than 

spherical particles. Levy and Chik [31] showed that sharp angular sand particles 

increased total erosion by four times in comparison with spherical particles. 

Beside the particle shape, the size of the solid particles also plays a crucial role 

with regard to the total erosion. Obviously, on a per particle basis, large particles 

accelerate erosion over that of small ones as bigger particles transfer more kinetic 

energy to the surface per impact [8], [32].  

Finally, concerning particle hardness, by increasing the ratio of the erodent 

particle hardness to the hardness of the target material, the total erosion increases until 

a certain level after which a further increase in the hardness ratio has no significant 

effect [31].  

Flowing slurry properties  

It has been widely reported [33], [34] that higher particle concentration in the slurry 

causes a greater erosion rate due to the increasing number of particles that strike 

the eroding surface. Moreover, in the case of a slurry pipeline, with a less viscous 

slurry fluid, the erodent particles tend to settle, creating a protective sliding bed at 

the bottom of the slurry pipeline [35] which decreases the metal loss. However, the 

effect of viscosity can vary depending on the liquid velocity. For example, Kesana 

et. al [36] revealed that at low superficial velocities (18, 27, 35 m/s), removal of 

the material increased with increasing slurry viscosity, while it decreased at high 

velocity (~ 45 m/s).  
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Impact condition 

The impingement angle, which is the angle between the eroded surface and the direction 

of the particle velocity, can significantly influence the amount of slurry erosion. 

However, the variation of erosion rate depends on the target material properties as well, 

such that in ductile materials, the maximum erosion occurs at intermediate impact 

angles (around 40°–60°) while for brittle materials the maximum erosion rate occurs 

near normal impact (90°) [12]. Beside the impact angle, the total amount of erosion 

increases with an increase in the particle velocity. Of course, higher impingement 

velocity means higher kinetic energy leading to higher localized force and greater 

erosion. The reader is referred to Paper I for more details about slurry erosion and 

related parameters, especially for more details about the most important and related 

slurry erosion test methods as well as the proposed slurry erosion equations 

correlated to the various discussed parameters. The reader is also referred to Paper 

II for the steel composition design procedure in detail.  

2.2 Pipeline production 

To be able to manufacture a pipe with a high performance and excellent 

properties such as an ultra-hard inner surface combined with a tough outer 

surface, the following would be not only a cost-effective but also metallurgical 

advantageous production route [37]: continuous casting, hot strip rolling and 

coiling, slitting into skelp, cold forming and high-frequency induction welding 

into pipe followed by induction heat treatment to produce a hard inner pipe 

surface with a very fine grain structure. Fig. 2 shows an illustration of the main 

steps in a continuous pipe making line. Such lines can be used to produce pipes 

with diameters up to 610 mm and wall thicknesses up to 16 mm. 

Regarding the pipe wall thickness, it can be computed based on allowable 

operating pressure considering the bendability and cold forming parameters. Indeed, 

it should also be thick enough to allow for the estimated erosion loss during the 

economic life of the pipeline. From an engineering point of view, the minimum 

pipe wall thickness depends on the pipe diameter such that if the wall thickness is 

too thin, it could give rise to handling problems during construction. On the other 

hand, the maximum wall thickness is limited by the capacity of the pipe mill with 

regard to forming and welding.  
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Fig. 2. Schematic diagram of a potential production root for the slurry transportation 

pipelines 

2.3 Thermomechanical controlled process 

For many years, the thermomechanical controlled processing (TMCP) of low-

carbon steels has been broadly used in the production of industrial pipes with large 

diameter for the transportation of oil and gas in the interest of improving the 

pipeline performance and lifetime [38]–[40]. TMCP involves slab reheating at well-

defined temperatures around 1100–1300 °C, followed by rough rolling and controlled 

finish rolling in the unrecrystallized austenite temperature region, i.e. below the non-

recrystallization temperature (Tnr) [41]–[43]. Under these conditions, sufficient strain 

is accumulated in the austenite grains to result in the formation of microstructural 

features such as increased grain boundary area, and shear and deformation bands, 

mechanical twins that act as preferential nucleation sites for the transformation products 

during subsequent accelerated cooling. Rolling below Tnr also produces a fairly sharp 

rolling texture [44]. This process can lead to the enhancement of pipeline material 

performance, i.e. the improvement of both yield strength and toughness through 

grain refinement [45]–[48]. In other words, TMCP is one of the most effective ways 

to improve both strength and toughness, which are mainly achieved by grain 

refinement through the control of the austenite grain structure during the hot rolling 

process and controlling the subsequent austenite transformation via the final 

cooling parameters.  
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2.3.1 Effect of Nb as a microalloy  

Beside the TMCP, microalloying with some microalloys such as Nb, Ti, or V is also 

commonly used to help the grain refinement through the entire production process from 

solidification through slab-reheating to controlled-rolling and accelerated cooling 

resulting in process optimization and higher strength [49]–[56]. Amongst all the 

possible microalloying elements, Nb is not only a strong grain refiner but the most 

effective one to delay static recrystallization; moreover, Nb precipitates can also 

hinder the grain growth during hot rolling and annealing [57]–[60]. Concerning the 

grain refinement mechanism, Speer and Hansen [61] showed that Nb refines the 

austenite grain size by a solute drag effect. Maruyama and Smith [62] also pointed 

out that the onset of recrystallization can be prevented by small substitutional-

interstitial atomic clusters. Nb(CN) precipitation can decrease the austenite grain 

size by hindering grain boundary movement at sufficiently low temperatures  [51], 

[52] and thereby reducing grain growth between rolling passes [63]. Moreover, 

Nb(CN) precipitation is also known to prevent subgrain boundaries movement, 

thus increasing the recrystallization start temperature (RST) when compared to the 

same composition but without Nb. This can cause a greater degree of pancaking 

and deformation of the austenite grains without recrystallization. Consequently, 

this leads to a finer final microstructure after cooling as well.  

2.3.2 Texture 

The texture of a rolled metal sheet can be defined as the population crystal orientations 

in the metal, which, for example, can be expressed as ℎ𝑘𝑙 〈𝑢𝑣𝑤〉 [64], where the ℎ𝑘𝑙  

planes are parallel to the plane of sheet so that their 〈𝑢𝑣𝑤〉 directions are parallel to the 

rolling direction. The texture development during and after both the hot and cold rolling 

of fcc and bcc metals has been systematically studied over the last 50 years [65].  In the 

case of low-alloyed bcc steel, during the hot rolling, the prior austenite phase develops 

a crystallographic texture which is later inherited by the ferritic phase transformation 

products formed during subsequent cooling. The transformation texture of ferritic 

products is essentially weak when the finish rolling temperature is in the austenite 

recrystallization region. TMCP usually involves finish rolling in the austenite 

unrecrystallized temperature range, or even sometimes followed by further reductions 

in the two-phase austenite + ferrite intercritical region. In this case, a fairly sharp texture 

is produced in the austenite and it is later intensified during the phase transformation 

and subsequent cooling, typically rapid quenching [44].   
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In the past, texture was determined and illustrated with the aid of semi 

quantitative pole figures, but these days, for a fully quantitative assessment, the 

orientation distribution function (ODF) is employed to describe the orientation 

density of grains in three-dimensional Euler space using the Euler angles, φ , Φ, 

and φ  [64]. In the case of carbon steels, deformation texture tends to be developed in 

the form of fibre textures. A schematic representation of the most important rolled fibres 

i.e. RD, TD, and ND fibres and their locations in the Euler space is illustrated in Fig. 3. 

The RD fibre lies along the φ 45° in the section of φ 0° which is also known 

as α fibre. The orientations locating along this fibre are related by rotations around 

the axis RD ∥ 〈110〉. The TD fibre, also known as ε fibre, has φ 45° and φ
90° such that orientations on this fibre have a common axis such that 〈110〉 ∥ TD. 

The ND fibre or γ fibre lies parallel to the φ axis at Φ 54.74° and φ 45° and 

contains orientations which have a common axis parallel to 〈111〉 ∥ ND. 
 

Fig. 3. Schematic illustration of location alpha, gamma and epsilon fibres in Euler Space. 

2.4 Induction hardening 

Induction hardening, i.e. electromagnetic heating and subsequent rapid quenching 

in a quenchant media, e.g. water, oil or high-pressure air, is one of the most popular 

and recently fully developed methods for hardening low-carbon pipelines used in 

oil and gas transportation systems. This is thanks to its rapid heating, minor 

distortion, high efficiency and good reproducibility as heating power is delivered 
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directly to the workpiece instead of transferring heat from a flame or heating 

element to the workpiece which happens with traditional heating methods.  
Regarding the heating part, basically, an induction heating system consists of 

one or more inductors (coils) and the metallic workpiece to be heated. Based on its 

implementation, induction heating is categorized into two groups: stationary 

induction (SI) heating and progressive or scanning induction (PI) heating. In SI-

heating the induction coils (inductors) are as long as the workpiece to be heated 

whereas in PI-heating a short coil is used, and the workpiece is fed through the coil, 

which may be just a single turn [66], [67]. The passage of current through the coil 

generates a very intense and alternating magnetic field in the space within the 

inductor. The workpiece to be heated is placed inside or close to this intense 

alternating magnetic field [68], [69] which thereby experiences an induced electric 

current. Due to the electrical resistance of the material, this eddy current results in 

a Joule heating effect in the workpiece.   

Induction heating consists of three consecutive physical phenomena: i) 

transference of electromagnetic energy from the coil to the workpiece, ii) the 

conversion of the electromagnetic energy into heat, iii) heat transfer via conduction 

in the workpiece, and convection and radiation to the surroundings. Fig. 4 illustrates 

the overall process of external scanning pipe induction heating and also the basic 

components of the induction heating system including an AC power supply, 

induction coil (single or multiple turn), and the workpiece (material to be heated or 

treated). 

Fig. 4. The schematic illustration of the overall induction heating process of a pipe 

shape workpiece 
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2.4.1 Induction heating rationale 

The principle of induction heating is generally described by two well-known 

physical phenomena, electromagnetic induction which is defined by Maxwell’s 

equation (Eq. 3) and the Joule effect (Eq. 4).  

 𝐶𝑢𝑟𝑙 𝐸   (3) 

This means that change in the electric field (E) is a result of changing the magnetic 

flux (𝜕𝐵) over the change of time (𝜕𝑡). The Joule effect means that when a current 

(I) flows through a conductor with resistance (R), the power (P) is dissipated in the 

conductor according to:  

 𝑃 𝑅𝐼  (4) 

Also, due to the skin effect, the induced current is concentrated near the surface 

layer and not uniformly throughout the workpiece. The penetration depth of these 

eddy currents (δ) depends on the characteristics of the material to be heated (µ, 𝜌  

and it is also affected by the frequency [70]. Using Maxwell’s equations, it can be 

shown that for a cylindrical load with a diameter that is much bigger than 𝛿, the 

following holds:  

 𝛿  (5) 

where 𝜌 and 𝜇 are related to the material characteristics as electrical resistivity and 

permeability, respectively, and f is the frequency of the current. Ferromagnetic 

materials, like iron and many types of steel below their Curie temperatures, have a 

high value of µ, whereas non-magnetic materials like copper or aluminium, or 

ferromagnetic materials above their Curie temperatures, have a relatively low value 

of μ. Therefore, when ferromagnetic materials are heated to above their Curie 

temperatures, δ greatly increases. 

Later, the heat generated on the surface can transfer through the workpiece 

through conduction. The temperature distribution through the workpiece can be 

estimated by considering the three different potential heat transfer mechanisms, i.e. 

conduction, convection and radiation based on the following governing equation: 

 𝑄  𝜌 𝐶 𝜌𝐶 𝑢. 𝛻𝑇 𝛻. 𝐾. 𝛻𝑇  (6) 

where 𝜌 , 𝐶 , K and T are the density, specific heat capacity, thermal conductivity 

and temperature of the workpiece, respectively. 
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2.5 Phase transformation 

During the induction hardening of a steel composition, here a medium-carbon low-

alloy steel, phase transformation including both austenite formation on-heating and 

the subsequent transformation of austenite to bcc products and carbides on-cooling 

has a strong effect on the final mechanical properties. The induction hardening 

parameters can determine the circumstance under which the phase transformations 

occur, thereby controlling the share of ferrite, bainitic ferrite, martensite and 

retained austenite in the transient and final microstructures. The phase 

transformations occurring during heating and cooling are discussed in the following 

sections. 

2.5.1 Austenite formation during heating 

Re-austenitization or austenite formation during heating generally involves heating a 

mixture of ferrite and cementite, with either a spheroidized or a lamellar morphology, 

into the two-phase (α + γ) region or the single-phase austenite (γ) region of the phase 

diagram. Although re-austenitization occurs during many heat treatments of steel, the 

details of this phase transformation have received relatively little attention because 

usually austenite is not directly found in the final microstructure, and revealing and 

characterizing the prior austenite grain structure is always challenging. Hence, due to 

these limitations, compared to the number of studies concerned with austenite 

decomposition, there are not many studies of austenite formation, especially in a case 

of medium carbon steels with an initial bainitic microstructure compared to the 

austenite decomposition.  

Nevertheless, some pioneering studies have clarified many important aspects of 

the austenite formation [71]–[73]. It has been reported that the mechanisms of austenite 

formation during any heat treatment are sensitive to the starting microstructure. In the 

case of ferrite-pearlite aggregate, the main and key findings are summarized as follows 

[71]: i) transformation of pearlitic ferrite into the austenite is a thermally activated 

process and the rate of austenite formation increases with increasing the temperature, 

ii) the nucleation of austenite occurs preferentially at pearlite boundaries and this is 

followed by the growth of the nuclei, iii) carbon concentration gradients develop in the 

austenite due to the diffusion of carbon from the cementite-austenite interface into the 

new austenite grains, iv) the time for the complete austenitization is shortened when 

the pearlitic interlamellar spacing is reduced, but the size of the pearlite colony has no 
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significant effect, v) the kinetics of cementite dissolution into austenite is much slower 

than the transformation of ferrite into austenite.  

Moreover, it has been widely reported [71], [74], [75] that besides the initial 

microstructure and composition, the start and end temperatures for austenite 

formation during heating depend significantly on the rate of heating such that 

increasing the heating rate increases the start and finish temperatures for austenite 

formation. More details on the role of heating rate on the reverse austenite 

transformations in steels were recently summarized by Meshkov and Pereloma [75] . 

The two most important key aspects are: i) nucleation can be accomplished by either 

diffusional or diffusionless mechanisms, and ii) growth can be also controlled by long-

range diffusion or by the interface as a massive transformation. However, in the case of 

ultra-fast heating, massive transformation has been questioned by Kaluba, Taillrad, and 

Foct [72] by proposing a new bainitic transformation for the austenite formation. The 

bainitic mechanism assumes the formation of austenite sheaves at early stage of 

transformation occurs at grain boundaries and their growth into the grains by a 

displacive mechanism.  

2.5.2 Polygonal ferrite formation 

Microstructures that form during continuous cooling consist of a mixture of several 

microconstituents. As the temperature decreases, the conditions become 

increasingly less favourable for transformations that need a long-range diffusion of 

alloying elements [76]. The formation of polygonal ferrite (PF) requires high 

temperatures as its formation requires the long-range diffusion of at least carbon. 

At sufficiently low temperatures, other microstructures such as bainite and 

martensite form faster than PF. 

2.5.3 Bainite formation 

Bainite is a product of austenite decomposition during cooling. It can be produced 

at cooling rates that are too fast for the formation of diffusion controlled 

transformation to polygonal ferrite but slower than those leading to athermal 

martensite transformation [77].  

Bainite can form during continuous cooling or isothermally in a temperature 

range that is typically below that of the austenite to ferrite and/or pearlite reaction 

and above the martensite start formation temperature (MS). Bainite is traditionally 

an intimate mixture of bainitic ferrite laths or plates and cementite. In general, it is 
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identified as upper, lower or granular bainite depending on how and where 

cementite particles are distributed in the microstructure. When cementite is found 

between the bainitic ferrite laths, it is called upper bainite as this morphology is 

associated with transformation at relatively high temperatures. At lower 

temperatures, lower bainite is formed. Here, cementite precipitates are found both 

between the ferrite laths and within the laths. If the formation of cementite is 

retarded for some reason, the resultant microstructure can comprise a mixture of 

bainitic ferrite together with a martensite/retained austenite (M/A) constituent, 

which is called granular bainite (GB). The bainitic microstructure, in medium and 

high carbon steel, can also be classed into other morphological sub-categories like 

lath-like, plate-like, degenerated upper bainite, depending on the contents of carbon 

and alloying elements as well as how the microstructural constituents nucleate and 

grow. The reader is referred to the section 4.2.1 and Paper III for more details about 

the different bainitic morphologies.  

The transformation mechanisms applicable to bainite remain unresolved and 

are a highly debated topic in the physical metallurgy of steel [77]–[79]. In general, 

there are two theories about the bainite transformation, diffusive and diffusionless. 

In the diffusive theory, bainitic ferrite forms in the same way as Widmanstätten 

ferrite plates, in which the plates thicken by the movement of ledges across the 

semicoherent broad faces of the plates while the plates lengthen by the motion of 

their incoherent edges. The speed of the incoherent ledge risers and plate edges are 

controlled by the diffusion of carbon into the adjacent austenite. The other theory, 

which was first proposed by Bhadeshia [77], states that bainitic ferrite nucleates 

displacively, in a similar way to what happens during martensite formation, and 

forms a plate-like or lath-like ferrite that is supersaturated with carbon [77].  

As illustrated in Fig. 5, in the second theory, upper bainite can form at relatively 

high temperatures, where the diffusion rates allow carbon to diffuse from the 

supersaturated bainitic ferrite plate to the austenite. On the other hand, lower bainite 

is formed at lower temperatures where some of the carbon is trapped within the 

ferritic lath resulting in some carbide precipitation within the laths. In other words, 

the main difference between upper and lower bainite is that cementite particles can 

also precipitate inside the plates of lower bainitic ferrite [77], [80].  
The precipitation of carbides, either between the bainitic laths or within them, 

is a slow reaction. Therefore, in the case of continuous cooling, a proportion of 

high-carbon austenite can be retained at room temperature due to a shift in the local  

MS temperature to room temperature or below [81].    
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Fig. 5. Schematic representation of bainite formation according to Bhadeshia’s theory 

(Reprinted by permission from [80]  2004 © Elsevier Ltd.). 

2.5.4 Martensite formation 

Initially, martensite was the hard and very strong microstructure found in as 

quenched, untempered steels. Today, many other metallic, non-ferrous alloys are 

known to exhibit a solid-state martensitic transformation [82]. Thus, as a 

comprehensive definition, martensitic transformation can be expressed as a 

diffusionless, shear-dominant, and lattice-distortive transformation occurring by 

nucleation and growth [83]. The fact that the transformation is diffusionless means 

that it is accompanied by no change of composition. Lattice-distortive means that 

the parent lattice unit cell is distorted into the new product unit cell. Christian [84] 

pointed out the kinetics of athermal martensite formation mainly depends on the 

nucleation step as the growth of the martensitic plates is enormously fast such that 

it seems to be time independent. Moreover, athermal martensite transformation 

needs a certain degree of undercooling below T0, i.e. the temperature at which 

martensite and austenite with the same composition have the same Gibbs free 

energy. 

Martensite in steels exhibits various morphologies including lath, butterfly, 

lenticular and thin-plate [85]. Of these, lath martensite has captured a big share of 
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researchers' interest as it appears in most heat-treatable steels. However, martensite 

morphologies greatly depend on the prior austenite grain size. It has been also 

widely reported that refinement of the prior austenite grain structure decreases the 

Ms temperature. For example, Yang and Bhadeshia [86] reported that, in a low 

carbon steel, reducing the prior austenite grain size from about 80 μm  to a few 

microns causes a decrease in Ms temperature by 40 °C. 

2.5.5 Determination of critical phase transformation temperatures using 

dilatometric data 

Dilatometry is one of the most used techniques for quantitative thermal analysis of 

steels as dilatometric data can provide the dimensional changes which occur during 

heat treatment. The real-time monitoring of the variation in length or diameter of a 

cylindrical sample allows the study of the phase transformations. During any heat 

treatment, when a steel experiences a phase transformation, the lattice structure 

changes, which is usually accompanied by a change in specific volume. For instance, 

in the case of a pure iron, transformation from austenite with a fcc structure into ferrite 

that has a less closely packed bcc structure leads to about 1.6% volume expansion by 

[87]. 

The critical phase transformation temperatures upon heating and cooling can 

be simply defined as the temperature at which thermal expansion or contraction 

deviates from approximate linearity like in the example given in Fig. 6. Of course, 

the transformation temperatures are sensitive to the rate of heating and cooling [71], 

[74], [75].  
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Fig. 6. An example of a dilatometer trace together with an illustration of how critical 

phase transformation temperatures can be determined.  

For the non-isothermal condition, a common approximate method to determine the 

fractions of 𝛼  and 𝛾  as a function of temperature is, first, extrapolation of the 

locally linear contraction/expansion behaviour from the temperature regions where 

no transformation occurs, and then calculation of the proportion between the 

observed length change and extrapolated lines for each temperature. This method 

is known as the lever rule technique. For the example, for the phase transformation 

occurring on cooling at temperature d in Fig. 6 the fraction of transformed austenite 

(𝛾 ) is calculated as follows: 

 𝛾  (6) 

Although the lever rule is the most common way for estimating the amount of 

transformed single phase as function of either temperature or time [76], [87], in the case 

of carbon steel and multi-phase transformation, it does not give a precise estimation 

due to the carbon redistribution between the transformed ferrite and the remaining 

austenite, which increases the specific volume of the austenite but is not taken into 

account. For more realistic estimations various approaches have been used [76], [87]–

[89].  



39 

3 Methodology 

This thesis is based on research involving several experimental, modelling, and 

simulation techniques that are summarized in Fig. 7 and are briefly described in the 

following sections.  

3.1 Material 

The steel material chemistries used in this project as potential new slurry pipeline 

materials were designed by the author based on metallurgical principles assisted by 

a series of computational thermodynamic and kinetic calculations. The two 

designed steel compositions are given in Table 1. The difference between the two 

is the Nb content in order to study the role of Nb on the refinement the 

microstructure during hot rolling and induction heating. Both compositions were 

produced using a vacuum-induction melting (VIM) furnace. Liquid metal was cast 

later into a closed-bottom cast iron mould with internal dimensions: 51x310x600 

mm3.  

Table 1. Chemical composition of the designed alloys (Paper II, III). 

Composition (wt.%) C Si Mn Cr Ni Mo Nb Fe 

Alloy 1 0.39 0.19 0.24 0.92 0.02 0.48 0.002 balance 

Alloy 2 0.39 0.18 0.24 0.92 0.02 0.58 0.013 balance 

The main castings were cut to several slab-shaped blocks (51 x 200 x 75 mm3) 

which were reheated at 1200 °C for 3 hours and then rolled on a laboratory rolling 

mill to a final thickness of 10 mm. Controlled rolling was performed in two stages: 

4 passes giving a total thickness reduction of 48% in the temperature range 1200–

1100 °C followed by 4 passes totalling a further 32% reduction in the temperature 

range 950–800 °C. The finish rolling temperature was chosen to be above the 

calculated A3 (about 788 °C) to ensure that the microstructure is fully austenitic at 

the start of the cooling process. Subsequently, the rolled strips were directly 

quenched in water to 560 °C and 420 °C at ca. 200 °C/s and then transferred to a 

furnace at the same temperature and allowed to furnace cool (approx. 0.01 °C/s) to 

simulate the coiling process on a hot strip mill. Fig. 8 presents a schematic diagram 

of the rolling and subsequent cooling process. 
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Fig. 7. The methodology map of the different steps undertaken in this research. 
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Fig. 8. Schematic diagram of the rolling and subsequent cooling process. 

3.2 Material characterization 

3.2.1 Composition analysis (microsegregation investigation) 

Microsegregation in the studied materials was investigated by analysing elemental 

distributions with the aid of an electron probe microanalyser (EPMA) equipped 

with wavelength dispersive (WD) and energy dispersive X-ray (ESD) spectrometry 

(JXA-8200 Superprobe).  

3.2.2 Microstructures 

Several microscopes and imaging techniques have been used in this work in order 

to characterize the microstructural features of the studied material at the different 
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stages. General microstructural observation was made using a light optical and a 

laser scanning confocal microscope (VK-X200, Keyence Ltd.) after standard 

sample preparation i.e. sectioning, grinding and polishing to 1 μm diamond paste, 

and then etching in a solution of 2% HNO3 in ethanol (Nital 2%) for about 10 s at 

room temperature. Moreover, in some cases it was possible to reveal the prior 

austenite grain structure by means of standard sample preparation and etching about 

4 minutes at room temperature in a special solution containing picric acid (1.5 g of 

picric acid + 100 ml of ethyl alcohol + 1 ml sodium alkylsulfonate (‘Agepol’) + 4–

6 drops of HCl).   

In order to identify microstructural features with high-resolution and make 

EBSD mappings, a Zeiss Sigma field emission scanning electron microscope 

(FESEM) equipped with electron backscatter diffraction (EBSD) was employed 

using an accelerating voltage of 15 kV and a working distance of 15 mm at the tilt 

angle of 70° and scanning step size of 0.2 μm. In addition, for more in-depth and 

even higher resolution micrographs, a 200 kV energy filtered scanning transmission 

electron microscope (JEOL JEM-2200FS EFTEM/STEM) has been utilized. For 

this purpose, 3 mm diameter samples were punched from around 0.1 mm thick 

wafers, which were then further ground to approximately 0.08 mm before electro-

polishing at 25 V in an electrolyte consisting of perchloric acid, butyl cellosolve, 

distillated water and ethanol.  

Quantitative metallography investigations to measure the fraction of 

microstructural components were performed using a point counting technique on 

five fields of view according to the ASTM E562 [90]. 

3.2.3 Texture evaluation 

Macrotexture (XRD) measurements were performed on a Rigaku SmartLab 9 kW 

X-ray diffractometer. All textures have been quantitatively examined by measuring 

three incomplete pole figures of (110), (200) and (211) from an area of 14 x 24 

mm2. Samples were scanned over a 2θ range from 5° to 85° with a Co rotating 

anode operated at 40 kV and 135 mA in the back-reflection mode and a step size of 

0.02°. All samples for the microtexture (EBSD) and macrotexture (XRD) 

measurements were selected from the mid-thickness of the strips close to the mid-

length position. The EBSD data were post-processed with the MTEX toolbox [91], 

[92]. LaboTex software was also used to calculate ODFs and inverse pole figures 

from the XRD data. 
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3.2.4 Hardness  

Vickers hardness (HV 10) was measured on each sample after thermal cycling using 

a Struers Duramin A-300 hardness tester under 10 kgf load applied for 5 s and at 

least six measurements per sample. 

3.2.5 Gleeble simulation 

A Gleeble 3800 thermomechanical simulator has been employed in order to 

simulate different heating cycles during induction hardening and also to provide 

dilatometric phase transformation data. Three kinds of thermal cycles have been 

applied in this work as follows. 

Different constant heating rates from 1 to 500 °C/s  

For this purpose, small cylindrical specimens were heated uniformly to 950 °C at 

constant rates of 1, 5 (slow), 10, 50 (fast), 100 and 500 °C/s (ultra-fast) and then 

rapidly cooled at 50 °C/s without any isothermal soaking, as schematically 

illustrated in Fig. 9. 

Fig. 9. Gleeble samples dimensions along with the thermal cycles for studying the 

effect of heating rate (Reprinted by permission from Paper IV 2019 © Elsevier Ltd.). 
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Different austenitization temperatures up to 1000 °C  

In this set of tests, the effect of austenitization temperature was studied using bars 

with a length of 110 mm and a diameter of 10 mm clamped into the water-cooled 

copper grips of the Gleeble with a free span of 35 mm. The Gleeble was 

programmed to produce a heating rate of 5 °C/s to a maximum temperature of 

1000 °C at the mid-length of the sample. Due to the cooling of the ends, this 

resulted in a range of peak temperatures along the length of the bar, see Fig. 10. 

After an isothermal soaking of 30 s, samples were subjected to cooling rates of 20, 

40 and 60 °C/s. To control the thermal cycle, a thermocouple was spot welded to 

the mid-length of the specimen (TC1). Three more thermocouples were also welded 

at the distances of 7, 9 and 14 mm from the mid-length to measure the temperature 

profile along the bar. This set-up was more efficient than using separate specimens 

for many peak temperature–cooling rate combinations. 

 

Fig. 10. Gleeble sample dimensions and thermocouple positions for studying the effect 

of peak temperature (Reprinted by permission from Paper IV 2019 © Elsevier Ltd.). 
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Different constant cooling rates from 1 to 60 °C/s 

In order to provide the dilatometric phase transformation data required for 

developing a continuous cooling transformation (CCT) model, a Gleeble 3800 

thermomechanical simulator was employed to physically simulate cooling rates of 

1, 5, 10, 20, 40 and 60 °C/s. The sample dimensions and the applied thermal cycles 

used to determine the CCT diagrams are presented in Fig. 11. As shown, to observe 

the microstructure and to measure the hardness, Gleeble samples were cut in half 

perpendicular to their axis at the position of the thermocouple used for monitoring 

and controlling the temperature during the thermal cycles. 

Fig. 11. Gleeble sample dimensions along with the thermal cycles for studying the 

effect of cooling rate (Under CC BY-NC-ND Paper V 2019 © Authors). 

3.3 Modelling and simulation 

3.3.1 Thermodynamic and kinetic simulations 

For the thermodynamic calculations, JMatPro software was used for the prediction 

of Time-Temperature-Transformation (TTT) and Continuous Cooling 

Transformation (CCT) diagrams for austenite decomposition as well as hardness 

and microstructure predictions. IDS software and the Thermo-Calc packages i.e. 

SCHEIL and DICTRA combined with the TCFE9 thermodynamic database and the 

MOBFe2 mobility database were used to predict the microsegregation that occurs 

during solidification. For this purpose, it was assumed that the cooling rate was 

1 °C/s and the secondary dendrite arm spacing 100 μm. DICTRA was also used for 
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the simulation of the slab reheating (homogenization) process, effect of heating rate 

on re-austenitization and cementite dissolution. 

SCHEIL is a non-equilibrium method for prediction of solidification behaviour. 

DICTRA is a useful finite element based program for simulation of DIffusion-

Controlled TRAnsformations, that assumes local equilibrium at the moving phase 

interface and uses comprehensive databases with full integration of 

thermodynamics and kinetics data [93]. IDS (InterDendritic Segregation) is a 

thermodynamic–kinetic tool for simulation of solidification phenomena in steels, 

including phase transformations from the melt down to room temperature [94]. 

Both SCHEIL and IDS assume a uniform solute distribution and perfect mixing in 

the liquid phase, i.e. infinitely fast diffusion of all alloying components in the liquid 

phase, which is usually realistic owing to the high atomic mobility in the liquid 

[95]. In the case of the Thermo-Calc SCHEIL software, only the rapid diffusion of 

the interstitial solutes C and N is considered, and the assumption is made that 

substitutional atom diffusion is negligible. However, this is a poor assumption in 

the case of solidification involving ferrite in which diffusion is relatively fast [96]. 

A more realistic approximation would be given by using Thermo-Calc DICTRA 

software, but this is rather time-consuming. IDS, on the other hand, considers 

diffusion of all alloying elements in the solid phase in combination with the 

assumption of local equilibrium at phase interfaces. Both Thermo-Calc and IDS 

assume that, during solidification, a new phase begins to form as soon as it is 

thermodynamically possible [94].  

A moving boundary system as the half-width of the secondary dendritic arm 

spacing [93], [97] equal to 100 micron has been defined for the DICTRA simulation 

of the solidification process. It has been employed to simulate the extent of 

homogenization that can be expected after various holding times at a slab reheating 

temperature of 1200 °C. The homogenization was simulated using the same system 

size as was used for the solidification simulation and the composition profiles from 

the solidification process defined the initial composition profiles for the 

homogenization simulations. A schematic illustration of the defined system and 

solidification process is given in Fig. 12. 
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Fig. 12. Schematic diagram of the solidification simulation process  

For the re-austenitization, a moving boundary system for a binary Fe-0.4%C was 

selected for the simulation. This was done by considering a spherical system 

comprising a central cementite particle surrounded by a very thin, initially inactive, 

austenite shell itself contained within a ferrite shell. The ratio of the outer diameter 

of the ferrite shell to the diameter of the cementite sphere was 2.55 in order to have 

the volume fraction of cementite that was required for the Fe-0.4%C system, i.e. 

6 %. During heating, the austenite becomes active at Ae1. Initially, the diameter of 

the cementite was taken as the average equivalent circle radius of the cementite 

particles in the QST 560 specimen, i.e. 75 nm. 

For modelling cementite dissolution in austenite, cementite has been 

considered again as a spherical particle surrounded by the austenite matrix in a 

closed cell system. The initial cementite radius has been set to the mean 

experimentally measured values for each sample, i.e. radii of 50 nm and 75 nm for 

QST 420 (isothermal lower bainite) and QST 560 (isothermal upper bainite), 

respectively. The volume fractions of the phases and the initial compositions of the 

cementite were assumed to be those in equilibrium with ferrite at 420 or 550 °C as 

given by Thermo-Calc. Fig. 13 shows an example of the microstructure of QST 420 

after heating to Ac1 and rapid quenching. The figure also shows a schematic 

illustration of the system defined to give an overall cementite volume fraction of 

6% and size of 50 nm. 
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Fig. 13. An example of cementite particles in the microstructure at slightly above the Ac1 

temperature together with the system defined for the cementite dissolution simulations. 

3.3.2 Phase transformation modelling  

The simulation of austenite decomposition to polygonal ferrite, bainite and 

martensite was conducted by employing the phase transformation model, which is 

described in detail in [98]–[100]. The model is parameterized for different steels 

using experimental dilatometry data. In addition, in this study, the earlier model has 

been extended to simulate the ferrite to austenite transformation during heating as 

well. The main benefit of the new model is the fact that it can be used for simulating 

the phase transformations occurring along any thermal cycle from beginning to end. 

Therefore, it is useful for optimizing the heating and cooling conditions needed to 

achieve desired mechanical properties. 

Briefly, the model works as follows. The maximum volume fraction of ferrite 

W ,  that can form between the Ae3 and Ae1 temperatures is taken into account 

by the lever rule where the fraction transformed is determined from the measured 

length change, without considering the differences between the specific volumes 

of different phases or the possible carbon enrichment of them. The lever rule 

calculations were based on the equilibrium phase diagram for the studied steel 

chemistry using the following equations [101]: 

  𝑊 ,
,  

 (7)  

where 𝐶   is the initial carbon concentration of the steel (wt.%), 𝐶 𝑇   is the 

equilibrium carbon concentration of austenite at temperature T, and 𝐶 𝑇  is the 
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equilibrium carbon concentration of ferrite. The maximum volume fraction for 

ferrite between Ae1 and Ae3 temperatures is then obtained by 

 𝜒 , 1
,

 (8)  

where 𝜌   is the density of ferrite and 𝜌   is the density of austenite at the given 

temperature. Below Ae3, the maximum amount of ferrite that can form is taken from 

the eutectoid composition. Here the value of 0.70 (wt.%) has been considered for 

the carbon at the eutectoid point. Between Ae1 and Ae3 temperatures the maximum 

fraction of austenite is 1 χ ,  and above the Ae3 temperature the material can 

become fully austenitic. Later, during cooling, the formed austenite can fully 

transform into bainite and martensite. 

Calculation of the initial delay of the transformation, i.e. the incubation time, 

was not included for polygonal ferrite formation since within the experimental 

accuracy, it seemed that there was no delay in ferrite start for this steel. This 

transformation could be modelled by simply fitting the temperature dependent 

Avrami equation parameter k(T) and the Avrami exponent n, as described below. 

The incubation time was included for austenite to bainite transformation by 

applying the rule of Scheil, in a similar way as was done in [98]. The 

transformation is assumed to start when the transformed fraction is 1%, i.e. 

when ∑ 1 𝜏 1 , where 𝜏 𝐾 𝐴 𝑇 𝑒𝑥𝑝 𝑄 𝑅 𝑇 273.15⁄   is calculated 

when T<A. Once the transformation has started, the transformation rate (𝑑𝜒/𝑑𝑡) 

of polygonal ferrite and bainite in the γ→α transformation, as well as the 

transformation rate of austenite in the α→γ transformation, was calculated with the 

differential form of the Avrami equation [102], Eq. (9) 

 𝜒 𝜒 𝑙𝑛 𝑛𝑘 /  (9) 

where k(T) is the temperature dependent rate parameter, and n is the Avrami 

exponent, which for a given phase transformation, is assumed to be constant in the 

current model. The following functional forms were used in the fitting for k(T). 

 𝑘 𝑇 𝑒𝑥𝑝 𝑎 𝑇 𝑏 𝑐  for polygonal ferrite (γ→α) (10) 
 

 𝑘 𝑇 𝑒𝑥𝑝 𝑎 𝑇 𝑏 𝑐              for bainite (γ→α) (11) 

 

 𝑘 𝑇 𝐴 𝑇 𝐴 𝑒𝑥𝑝
.

    for austenite (α→γ) (12) 
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where a, b, and c are fitting constants for polygonal ferrite and bainite formation, 

and 𝐴  , 𝑚   and 𝑄   are fitting constants for austenite formation. For bainite 

formation, the effect of carbon enrichment in austenite due to prior formation of 

polygonal ferrite is taken in to account by calculating the factor 𝐶/𝐶  as a function 

of the ferrite fraction 𝜒  [101]: 

 𝐶  (13)  

where The C0 is the initial carbon concentration (wt.%). The parameters k(T) and n 

were numerically fitted to the experimentally determined transformation data by 

minimizing the difference between the computational and experimental results. The 

fitted values can be found in Paper V. For parameter optimization the Matlab 

fminsearch function [103] has been employed.  

3.3.3 Hardness prediction 

Steel hardness after continuous cooling along any heating and cooling path can be 

predicted using the available models [104]–[106] based on the steel composition, 

mixture of microconstituents and rate of heating and cooling. Such models are often 

developed employing a regression analysis or artificial neural networks (ANN) in 

order to reveal the relation between two or more parameters of a big experimental 

data set. In some cases, model parameters have to be fitted using available 

experimental data, for example in the model proposed by Pohjonen, Somani, and 

Porter [98]. In this work, two regression-type models and one best-fit model are 

considered and evaluated against the experimental measurements. The first model, 

which was developed at the Creusot Laboratory by Maynier, Jungmann, and Dollet 

[106], is given by the following equations: 

 𝐻𝑉 127 949𝐶 27𝑆𝑖 11𝑀𝑛 16𝐶𝑟 8𝑁𝑖 21𝑙𝑜𝑔 𝑣  (14) 

 

𝐻𝑉 323 185𝐶 330𝑆𝑖 153𝑀𝑛 144𝐶𝑟 191𝑀𝑜 65𝑁
𝑙𝑜𝑔 𝑣 89 53𝐶 55𝑆𝑖 22𝑀𝑛 20𝐶𝑟 33𝑀𝑜 10𝑁𝑖  (15) 

 
 𝐻𝑉 42 223𝐶 53𝑆𝑖 30𝑀𝑛 7𝐶𝑟 19𝑀𝑜 12.6𝑁𝑖

𝑙𝑜𝑔 𝑣 10 19𝑆𝑖 8𝐶𝑟 4𝑁𝑖 130𝑉  (16) 

where HV  , HV   and HV   are the Vickers hardness of martensite, bainite and 

ferrite-pearlite mixtures respectively, 𝑣  is the cooling rate from the austenitized 
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state expressed in C/h. The total hardness of the steel is calculated according to 

the linear rule of mixtures: 

 𝐻𝑉 𝑓 𝐻𝑉 𝑓 𝐻𝑉 𝑓 𝐻𝑉  (17) 

where 𝑓  , 𝑓  , 𝑓   are the fractions of ferrite-pearlite mixture, bainite and 

martensite, respectively. As can be seen, the Maynier et al. model does not take 

austenitizing temperature and heating time into account, therefore the effects 

related to austenite grain size and homogeneity of austenite are neglected. The 

model is implemented as a part of the Materials Algorithm Project (program 

MAP_STEEL_HARDP) [107].  

The second model which is developed by Trzaska is given by [105]: 

 𝐻𝑉 86 492𝐶 92𝑀𝑛 69𝐶𝑟 25𝑁𝑖 102𝑀𝑜 267𝑉 0.064𝑇
27.7 √𝑣  38𝐹 70𝑃 32𝐵 72𝑀  (18)  

where 𝑇   is austenitizing temperature; 𝑣   is the cooling rate expressed in C/h; 

𝐹 𝑠 , 𝑃 𝑠 , 𝐵 𝑠  and 𝑀 𝑠  are step functions of the following form: 

            𝐹 𝑠
1, 𝑖𝑓 𝑓 0.5

0, 𝑖𝑓 𝑓 0.5 , 𝑃 𝑠
1, 𝑖𝑓 𝑓 0.5

0, 𝑖𝑓 𝑓 0.5 , 

    B(s)
1, 𝑖𝑓 𝑓 0.5

0, 𝑖𝑓 𝑓 0.5 , 𝑀 𝑠
1, 𝑖𝑓 𝑓 0.5

0, 𝑖𝑓 𝑓 0.5  (19)  

𝑓  is the fraction of ferrite and 𝑓  is the fraction of pearlite. The model developed 

by Trzaska involves the austenitizing temperature 𝑇  as a parameter. Still, as the 

austenitizing time is omitted, the model cannot take effects connected to austenite 

grain size into account in a satisfactory way. 

As the last model, the recently developed (best-fit) model for a 0.2 C bearing 

steel by Pohjonen, Somani, and Porter [98] has been compared to the experimental 

data. To include the contribution of ferrite, the model has been extended in the 

research described in this thesis using a regression-type equation for the ferrite in 

the same manner as Eq. (17). The model is given by: 

 𝐻𝑉 𝑓 𝐶 𝐴𝑙𝑜𝑔 𝑣 𝑓 ∙ 𝐻𝑉  (20) 

where A is a material dependent coefficient defined as A = 89 + 53C − 55Si − 22Mn 

− 10Ni − 20Cr − 33Mo, C and HVm are fitting parameters. fm and fb are the fractions 

of martensite and bainite, respectively.  
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3.3.4 Simulation of induction hardening  

In order to simulate the whole induction hardening process, a coupled 

electromagnetic–thermal calculation model has been applied using commercially 

available finite element software (Flux 2D). An axisymmetric 2D geometry has 

been considered for the model, as illustrated in Fig. 14. The pipe is considered to 

move at a constant velocity of 10 mm/s past a stationary induction heating inductor 

and quenching system. To analyse the magnetic flux density distribution, 

Maxwell’s equations with field strength and temperature dependent material 

properties has been solved in a steady AC magnetic computation. The generated 

heat and temperature distribution through the pipe have been calculated by solving 

the governing heat transfer nonlinear differential Fourier equations considering 

convection and radiation for both the heating and cooling parts. In the water-

cooling section, the intensity of the convection is a function of the surface 

temperature of the pipe. 

It should be noted that in ferromagnetic materials, during the heating, there is 

a nonlinear variation in several physical properties like relative magnetic 

permeability, which drops to unity above the Curie temperature; electrical 

resistivity, which increases with increasing the temperature; thermal conductivity, 

which decreases as temperature increases; and the specific heat capacity, which 

peaks around the Curie temperature [108]. Some of the main temperature-

dependent properties, which have been used in the computations, are listed in Table 

2.  

Fig. 14. Induction hardening simulation geometry (Under CC BY-NC-ND Paper V 2019 © 

Authors). 
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Table 2. The temperature-dependent material properties considered for the simulation 

(Under CC BY-NC-ND Paper V 2019 © Authors). 

Temperature 

(°C) 

Resistivity    

𝜌 (10−6Ω⋅m) 

Specific Heat 

𝐶𝑝 (J/Kg⋅°C) 

Thermal 

Conductivity 

𝐾 (W/m⋅°C) 

Density     

𝜌 (Kg/m3) 

Emissivity     

𝐶𝑠 (J/m2.s.K4) 

Quenching shower 
heat transfer 
coefficient 

(W/m2.°C) 

0 0.15 481.06 51.70 7858 1 1100 

25 0.16 483.09 51.50 7850 0.9 3100 

100 0.22 494.04 50.60 7832 0.8 8000 

200 0.29 522.93 48.10 7801 0.8 11300 

300 0.39 561.03 45.60 7766 0.8 13000 

400 0.49 599.13 41.90 7730 0.8 17200 

500 0.62 669.89 38.10 7692 0.8 18400 

600 0.77 720.13 33.50 7652 0.8 17100 

700 0.93 808.89 28.00 7613 0.8 13800 

800 1.11 561.03 24.80 7635 0.8 10100 

900 1.15 586.15 25.70 7590 0.8 5200 

1000 1.18 628.02 26.90 7538 0.8 3000 

3.3.5 Prior austenite grain reconstruction 

As it was difficult to satisfactorily reveal the parent austenite grain structure using 

etching techniques, a computational reconstruction technique was applied to the 

EBSD results using Matlab supplemented with the MTEX texture and 

crystallography analysis toolbox [92], [109]. Briefly, grain maps were initially 

assembled from the data sets with a grain boundary tolerance of 3-5 degrees. 

Subsequently, the parent austenite orientation map was reconstructed from this data 

with a two-step reconstruction algorithm. Firstly, the orientation relationship 

between the parent austenite and product ferritic phase was determined using the 

method proposed by Nyyssönen et al. [109] based on the Kurdjumov–Sachs (K–S) 

relationship [110] (i.e. 111 // 110 , 〈110〉 //〈111〉 ). In the second step, the 

grain map was divided into discrete clusters using the Markov clustering method 

[111] proposed by Gomes and Kestens [112]. The parent austenite orientation was 

then calculated for each cluster separately, resulting in a reconstructed austenite 

orientation map. The average misorientation between the reconstructed orientation 

for each cluster and the best fit for each individual grain was approximately 2 

degrees, indicating a good fit for the reconstructed result. The full details for the 

reconstruction procedure have been described by Nyyssönen [113]. An example of 
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the K-S orientation relation together with the prior austenite reconstruction is 

demonstrated in Fig. 15. 

Fig. 15. a) an example of the orientation between FCC and BCC, b-f) the steps involved 

in the reconstruction of the austenite grains from the EBSD results (Paper IV). 
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4 Results and discussion 

4.1 Slurry transportation pipeline material design  

A new steel composition, potentially applicable as a material for slurry 

transportation pipelines, has been designed using metallurgical principles assisted 

by computational thermodynamics and kinetics. As presented in Fig. 16, the alloy 

design process proceeded through several steps. It started with the choice of the 

steel family based on the alloy application as pipeline materials (erosion resistance 

properties), and then the selection of the contents of carbon, silicon, and manganese 

on the basis of metallurgical principles and previous published work. Subsequently, 

chromium and molybdenum were selected as the main alloying elements based on 

the fact that chromium is a low-cost route to hardenability and also for its expected 

beneficial effect on the corrosion resistance of the slurry transportation system 

[114]. Molybdenum increases hardenability and it can improve the yield and 

ultimate strength as well [115]. Thus, a range of chromium and molybdenum 

contents was studied to find optimum amounts considering the balance of 

microstructure, hardness and alloying cost.   

Afterwards, amongst the microalloying candidates such as Ti, Nb, V, and W, 

niobium was chosen as desirable from the point of view of its expected beneficial 

effect on prior austenite grain size, both during the thermomechanical processing 

of the pipe steel and during the final induction heat treatment. Finer austenite grain 

structure leads to a finer final microstructure and enhanced final mechanical 

properties, i.e. improved Charpy V and fracture toughness in the heat treated pipe 

[116]–[118]. In addition, microalloying with Nb should be beneficial considering 

the toughness properties of the hot rolled strip from which the skelp for pipe making 

is produced. Then computational thermodynamics combined with 

microsegregation calculations were used to determine the optimum amount of 

niobium from the point of view of the avoidance of interdendritic eutectic NbC 

formation and dissolving all niobium prior to hot rolling. Using computational 

thermodynamics, the effects of temperature and soaking time during slab re-heating 

were studied from the point of view of the level of microsegregation before hot 

rolling. More discussion on the selection of the alloying elements and their contents 

is presented in sections 4.1.1- 4.1.2 and Paper II.  



56 

Fig. 16. The composition design process and methodology map (Modified and reprinted 

by permission from Paper II 2018 © Springer Nature). 

4.1.1 Choosing of C, Si, and Mn contents 

A brief description of the basis for choosing the content of C, Si, and Mn is as 

follows: 

Carbon (C) 

To achieve a hardness of at least 600 HB in the fully martensitic state together with 

reasonable toughness, a medium carbon content of 0.40 wt.% was chosen [119]. 

Silicon (Si) 

Silicon can increase the carbon content in retained austenite by hindering the 

precipitation of cementite, which can have beneficial effects on toughness  however, 

it has a strong tendency to segregate to grain boundaries and reduce toughness [120], 

[121]. It has been widely reported that in medium-carbon low-alloyed steel 

especially after tempering, a significant increase in toughness can be obtained with 

Si contents below 0.30 wt.% [122], [123]. Therefore, a low amount of 0.20 wt.% 

Si was selected.  

Manganese (Mn)  

In addition to achieving high hardness in the steel, it is desirable to achieve as 

high a toughness as possible. It is envisaged that the inner surface of the pipe will 
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be fully martensitic with only modest toughness, but deeper into the pipe wall 

thickness the microstructure will also contain bainite. The toughness of bainitic 

microstructures is sensitive to the presence of microsegregation. As will be shown 

below, the solidification of 0.4% C low-alloy steels results in the formation of a 

high fraction of austenite from the liquid phase, which increases the tendency for 

microsegregation to occur compared to the solidification to ferrite characteristic of 

low-carbon steels. Microsegregation easily prevails in the final product and thermal 

cycles that result in fully bainitic microstructures in homogeneous alloy 

compositions can become banded mixtures of bainite and martensite in the 

presence of the fluctuating alloy contents caused by microsegregation. It has been 

shown that this can halve the impact toughness for a given level of strength or 

hardness in a high-manganese medium-carbon steel [124].  

Manganese is known to be particularly susceptible to microsegregation [125] 

and under unfavourable casting conditions, microsegregation combined with 

interdendritic liquid flow can lead to macrosegregation [126]. This is undesirable 

in high-frequency welded pipe as the upsetting process involved bends the skelp 

centreline parallel to the weld fusion line, which is detrimental to the toughness of 

the weld [127]. The benefits of low manganese in respect of microsegregation will 

carry over into reduced macrosegregation and better weld toughness properties as 

well. Furthermore, manganese sulphide inclusions tend to elongate during hot 

rolling, which is also detrimental to toughness, both in the bulk and particularly 

when aligned along the weld fusion line. Modern steel-making practices make it 

possible to achieve very low sulphur contents and calcium treatment leads to the 

formation of complex hard-spherical oxysulphide inclusions that do not elongate 

during rolling [128]. However, disturbances in steelmaking can nevertheless lead 

to the formation of MnS inclusions. With lower manganese content MnS forms 

from the liquid closer to the solidification temperature producing smaller particles 

[129]. Since the plasticity of MnS inclusions in the hot rolling process increases 

directly with increasing Mn level [127], lowering the Mn content should reduce the 

deformability of the inclusions, thereby reducing the final aspect ratio, too. 

Considering all of the above factors a low level of 0.25 wt.% Mn has been chosen 

for the current application. 

In order to establish the optimum contents of Cr, Mo and Nb, the composition 

ranges given in Table 3 were chosen for further evaluation as described in the 

following sections.   
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Table 3. Chemical composition nominee selected for the further studies. 

Composition (wt.%) C Si Mn Cr Mo Nb Fe 

 0.40 0.20 0.25 0-1.00 0.30-0.90 0.01-0.08 rest 

4.1.2 Determining the optimum amount of Cr and Mo 

Ten different combinations of Cr and Mo were simulated using JMatPro software 

in order to determine the optimal amount of these two alloying elements. The 

selected range of Mo was 0.30 to 0.90 wt.% in steps of 0.2 wt.%, while the selected 

range for Cr was 0 to 1 wt.% in steps of 0.5 wt.%. For these calculations, the 

contents of C, Si, and Mn were constant as given in Table 4, and the grain size and 

austenitization temperature were assumed to be ASTM 8 and 950 oC, respectively. 

For reasons explained later, a Nb content of 0.012 wt.% was assumed for the all 

scenarios. The defined combinations of Cr and Mo together with the simulation 

results are presented in Table 4.  

Table 4. JMatPro predictions for different compositions given in Table 2 on the basis of 

various Cr and Mo contents (Reprinted by permission from Paper II 2018 © Springer 

Nature). 

Alloy 

No. 

Cr, 

wt.% 

Mo, 

wt.% 

Ms1, 

°C 

CR(Fn)2, 

°C/s 

CR(Bn)3, 

°C/s 

tFn4, 

s 

TFn5, 

°C 

tBn6, 

s 

TBn7, 

°C 

Martensite 

Hardness, HV10 

1 0.0 0.5 362 200 100 2.5 610 1.8 515 631 

2 0.0 0.7 357 70 70 4.4 610 2.4 520 631 

3 0.0 0.9 353 63 15 11.7 620 3.0 510 631 

4 0.5 0.3 359 80 95 3.8 610 1.9 510 636 

5 0.5 0.5 354 35 71 7.9 610 2.5 510 634 

6 0.5 0.7 350 10 52 22.9 620 3.2 510 632 

7 0.5 0.9 345.5 2.5 45 77.7 630 4.0 510 629 

8 1.0 0.3 351 25 45 9.7 600 2.7 500 641 

9 1.0 0.5 347 7 35 31.3 610 3.5 500 637 

10 1.0 0.7 343 2 25 107 620 4.3 500 633 
1Start temperature of martensite transformation (°C), 2Critical cooling rate to miss the ferrite nose, 3Critical 

cooling rate to miss the bainite nose, 4Time to the ferritic nose at TFn (s), 5Temperature of the ferritic nose 

(°C), 6Time to the bainitic nose at TBn (s), 7Temperature of the bainitic nose (°C) 

According to the results, it can be seen that the hardenability parameters like 

minimum cooling rate to avoid bainite and ferrite formation and hardness values 

vary with composition without any particular pattern. Such that the highest 

hardness level was predicted for alloy No. 8, but it did not achieve a best condition 
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regarding the hardenability. Thus, multiple linear regression analyses including 

interaction terms were conducted on the results in Table 4 in order to determine the 

best combination of chromium and molybdenum (on the basis of alloy design 

criteria, i.e. hardness, hardenability and cost). Some of the outcomes are 

summarized in Figs. 17-18.  

Fig. 17. The predicted hardness (HV) for different combinations of molybdenum and 

chromium contents. Other alloying elements: 0.4C, 0.25Mn, 0.2Si, 0.012Nb (Reprinted 

by permission from Paper II 2018 © Springer Nature). 

For the studied composition window, Fig. 18 shows that according to JMatPro, the 

highest martensite hardness should be achievable with a high Cr content combined 

with a low concentration of Mo; however, it is also necessary to consider the effect 

of Cr and Mo on hardenability and alloying costs.  

Fig. 18 shows the effects of Cr and Mo on hardenability as defined by the 

cooling rates needed to avoid bainite and ferrite during continuous cooling. The 

lines shown are based on regression equations fitted to the data in Table 3. Also 

shown are the relative alloying costs for different combinations of Cr and Mo based 

on the approximation that on a weight percentage basis Mo is ten times more 

expensive than Cr. In order to achieve martensite on the inner surface of the pipe 

during induction hardening, bainite formation must be avoided. In this case, the 
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critical cooling rate at the bainite nose (CR(Bn)) has been taken as 45 °C/s. This 

condition can be reached most economically with 0.4 wt.% Mo and 0.9 wt.% Cr. 

However, as the Mo content is lowered while keeping the condition CR(Bn) = 

45 °C/s, the tendency to form ferrite at low cooling rates increases. In the case of 

induction hardening, the cooling rate will fall with increasing depth below the 

water-cooled surface and ferrite formation there might become an issue: ferrite will 

be associated with low hardness and strength. Hence, in order to reduce the 

steepness of the hardness gradient in the thickness direction while keeping alloy 

costs at a reasonable level, it was decided to set the cooling rate for the ferrite nose 

to 10 °C/s. As can be seen from Fig. 18, these conditions resulted in 0.90 wt.% Cr 

+ 0.50 wt.% Mo as giving the most desirable and advantageous combination. 

Fig. 18. Effect of Cr and Mo content on the critical cooling rates in oC/s to avoid bainite 

(solid line) and ferrite (dashed line) together with the relative cost of alloying on a mass 

basis assuming molybdenum is ten times more expensive than chromium (contour plot). 

The chosen composition is marked at 0.9% Cr and 0.5% Mo. Other alloying elements: 

0.4% C, 0.25% Mn, 0.2% Si, and 0.012% Nb (Reprinted by permission from Paper II 2018 

© Springer Nature). 
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4.1.3 Determining the optimum amount of Nb 

Niobium was selected as a microalloying element because of its strong ability to 

refine austenite grains during both thermomechanical rolling and austenitization 

prior to induction hardening [57]–[60]. However, Nb tends to partition to the 

interdendritic regions together with C which can lead to the formation of large 

eutectic NbC particles [130], [131]. Undissolved eutectic NbC particles may well 

be detrimental to the toughness of the pipe body and especially the high-frequency 

weld line as segregation and eutectic formation can be expected to be greatest on 

the strip centreline. Therefore, the main criteria for selecting the content of Nb is 

the minimization of eutectic NbC formation during solidification and the 

dissolution of all NbC during slab reheating prior to thermomechanical processing. 

It has been reported by Heikkinen and Packard [132] that for 0.06–0.24% C a 

small amount of Fe + NbC eutectic can form for all amounts of niobium in the 

range 0.02–0.17% and, of course, the amount of eutectic NbC increases with 

increasing contents of niobium and carbon. It was also pointed out that undesirably 

eutectic NbC remains undissolved during typical slab reheating of 3 h at 1240 °C 

leading to the formation of elongated eutectic inclusion stringers during hot rolling. 

In the work of Matsui, Sato and Tanaka [133], it was also shown that for carbon 

contents in the range of 0.11 to 0.26% and Nb contents in the range of 0.02 to 0.07%, 

eutectic NbC can appear when the sum of % C + 2.5 x% Nb exceeds a critical level 

which is dependent on the cooling rate through the liquidus–solidus range, but 

independent of other alloying elements such as Si, Mn, Cr, Ni, V, and Mo.  

In both the above studies, the carbon content of the steel was about 0.26% at 

most. Considering the carbon content in this work, which is considerably higher at 

0.40%, the formation of NbC eutectic will be exacerbated through two main effects: 

i) the higher carbon content per se, and ii) the fact that higher carbon means 

solidification to a higher fraction of austenite from the liquid, which increases the 

partitioning of Nb and C into the interdendritic spaces. For this reason, careful 

consideration had to be given to the choice of Nb content in the present case. 

Therefore, extensive calculations of the Nb concentration in the liquid phase during 

solidification for different Nb contents in the range of 0.02 to 0.08% has been done 

using IDS software for the typical case of a cooling rate through the solidification 

interval of 1 °C/s corresponding to a secondary dendrite arm spacing of 100 μm. 

The other alloying elements used in the simulation were the same as given in Table 

3, plus exact values of 0.50% and 0.90% for Mo and Cr, respectively. Fig. 19. shows 

predicted microsegregation behaviour of Nb during solidification, indicating a 
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continuous increase in the Nb content in the liquid phase up to the final 

solidification point, i.e. the non-equilibrium solidus temperature. For 0.06 and 0.08 

wt.% Nb, the concentration of Nb in the interdendritic liquid passes the threshold 

for eutectic formation, i.e. the red line in the Fig. 19. Hence, it should be possible 

to consider Nb contents less than 0.06 wt.% as avoiding eutectic NbC formation. 

But, there are two other considerations regarding the choice of optimal Nb content: 

one related to thermomechanical processing and the other to induction heating prior 

to hardening.  

Fig. 19. IDS calculations of Nb concentration in the liquid phase during solidification for 

different overall Nb contents. Cooling rate 1 °C/s corresponding to a secondary dendrite 

are spacing of 100 𝛍𝐦 (Reprinted by permission from Paper II 2018 © Springer Nature). 

The amount of Nb should be suitable for thermomechanical processing, i.e. the 

formation of fine deformed austenite grains with a high specific grain boundary 

area producing subsequent fine bainitic microstructures after coiling. The selected 

Nb content should also hinder austenite grain growth during the final induction 

hardening. For these purposes, the Nb should be taken into solution during slab 

reheating but remain undissolved when re-austenitizing during induction heat 

treatment. IDS simulations of the microsegregation of Nb in the solid phase in the 

studied composition during and after solidification for a cooling rate of 1 °C/s are 

presented in Fig. 20. It can be seen that that interdendritic segregation proceeds 

until the end of solidification and Nb concentration in the austenite formed from 
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the interdendritic melt during solidification increases as the temperature drops. 

Then, by decreasing the temperature further, back diffusion leads to a reduction of 

the Nb concentration in the austenite formed from the last liquid to solidify. As can 

be seen from Fig. 20, the calculated final interdendritic concentrations of Nb after 

cooling to approximately 1200 °C are approximately 2.2 times greater than the 

mean bulk Nb concentration, i.e. 0.026/0.012, 0.035/0.016, 0.044/0.020 and 

0.089/0.04. Below 1200 °C there is no significant further homogenization of the 

cast material.  

It is desirable to be able to dissolve all of the Nb during reheating prior to hot 

rolling in order to be able to achieve the precipitation of fine NbC in the austenite 

and prevent recrystallization during the final stages of thermomechanical 

processing.  Therefore, it is necessary to consider the effect of Nb content and other 

alloying elements on the Nb solvus temperature for the steel chemistry under 

consideration. 

Therefore, a typical slab reheating temperature of say 1200 °C should be above 

the solvus temperature even for the interdendritic positions. The NbC solvus 

temperature as a function of Nb for the predicted interdendritic composition of the 

chosen alloy is presented in Fig. 21. (Here, the homogenization of the Nb 

concentration caused by slab reheating is ignored). It can be clearly observed that 

a maximum interdendritic concentration of 0.026 wt.% Nb (corresponding to a bulk 

content of 0.012 wt.% Nb according to Fig. 21) could be taken into solution during 

reheating to 1200 °C. At typical austenitization temperatures for induction 

hardening (ca. 900 °C) the solubility of NbC should be much smaller than 0.012 %, 

such that NbC precipitates should be able to hinder austenite grain growth during 

such austenitization. Therefore, a bulk level of 0.012 % Nb was chosen as a suitable 

microalloying level for the intended application.  
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Fig. 20. Nb concentration in the austenite formed from the interdendritic melt during 

solidification as a function of temperature, and, after the end of solidification, the 

concentration of Nb in the austenite in the last solid to form, i.e. in the interdendritic 

spaces, as a function of temperature. (Solidification to ferrite occurring above 1475 °C 

is not shown). Cooling rate 1 °C/s. Alloy contents other than Nb: 0.4% C, 0.25% Mn, 0.2% 

Si, 0.9% Cr and 0.5% Mo (Reprinted by permission from Paper II 2018 © Springer Nature). 

Fig. 21. Phase diagram showing Nb solubility for the interdendritic austenite 

composition which is given on the top of figure (Reprinted by permission from Paper II 

2018 © Springer Nature).  
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The final selected composition which was later vacuum induction melted and cast 

to provide the test samples for the further investigations is listed in Table 5. The 

given composition was also used to study the effect of soaking time during slab 

reheating on the homogenization profile of the Nb and the other alloying elements. 

It should be remarked that in order to study the influence of Nb during solidification 

and hot rolling a separate heat was made under the same conditions and with the 

same composition but free of Nb. 

Table 5. The final selected chemical composition (Reprinted by permission from Paper 

II 2018 © Springer Nature). 

Composition (wt.%) C Si Mn Cr Mo Nb Fe 

 0.40 0.20 0.25 0.90 0.50 0.012 rest 

4.1.4 Slab reheating simulation  

Generally, in addition to the back diffusion occurring during solidification, slab 

reheating could also lead to a level of homogenization of the Nb content due to its 

high temperature and relatively long duration. DICTRA was employed to simulate 

the degree of homogenization that can occur after different soaking times at the 

selected slab reheating temperature of 1200 °C. For the simulation, a computational 

cell as the half-width of the secondary dendritic arm spacing was considered as the 

region of interest [93], [97]. Moreover, the composition profiles from the 

solidification process were taken as the initial composition profiles for the 

homogenization (slab reheating) simulations. The variation of Nb concentration 

during homogenization for different holding times of 0.1, 1, 2, 4, and 8 hours at 

1200 oC is shown in Fig. 22. It can be seen that the niobium concentration profile 

should be quite uniform after 4 to 8h holding at the given temperature. Even holding 

for shorter duration for example holding for 1h at 1200 °C could decrease the peak 

interdendritic concentration of Nb from 0.026 to 0.021 wt.%. It indicates that, 

actually, a slightly higher amount of Nb than the selected 0.012 wt.% can be taken 

into solution during slab reheating if the reheating is performed at 1200 °C and a 

minimum holding time of 1h can be assured at that temperature. However, if during 

slab reheating holding time at peak temperature is subjected to variations due to 

practical production and productivity considerations, the choice of 0.012 wt.% will 

be safer from the point of view of the dissolution of all Nb prior to rolling. As 

mentioned above, it will also avoid the formation of relatively large eutectic 

particles.  
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Fig. 22. Predicted Nb concentration profiles after slab reheating for different holding 

times at 1200 °C based on the multiphase diffusion simulations in 1D using the DICTRA 

homogenization model (Reprinted by permission from Paper II 2018 © Springer Nature). 

The situation with regard to the predicted concentration profiles of the other 

alloying elements during the slab reheating is plotted in Fig. 23. The figure 

demonstrates that Nb homogenization is predicted to be clearly faster than the other 

substitutional alloying elements, which is because Nb is one of the fastest diffusing 

elements in Fe and Fe alloys [134]. 
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Fig. 23. Predicted concentration profiles after slab reheating for various holding times 

at 1200 °C. (a) Cr, (b) Mo, (c) Mn and (d) Si (Reprinted by permission from Paper II 2018 

© Springer Nature). 

4.2 Thermomechanical properties  

As the schematic diagram of the rolling and cooling schedules during TMCP given 

in Fig. 8 shows, directly after rolling the material was subjected to rapid quenching 

to two quench-stop-temperatures (QST) of around 420 °C and 560 °C. The aim of 

these two QSTs was to achieve upper bainite and lower bainite during the 

subsequent, essentially isothermal, phase transformation. They were chosen on the 

basis of a temperature–time–transformation (TTT) diagram predicted using 

JMatPro software [135] for an austenite grain size of 25 μm  (ASTM 8) and 

experimental dilatometry data for a non-deformed specimen, see Fig. 24.  
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Fig. 24. a) Dilatometry results for non-deformed material (Ø6 X 35 mm) using the Gleeble 

3800 and b) CCT diagram calculated using JMatPro software (Under CC BY-NC-ND 

Paper III 2018 © Authors). 

The dilatometer trace indicates that for a cooling rate of 5 °C/s bainite starts to form 

at 545 °C and martensite formation starts at 325 °C. The JMatPro software 

predicted the corresponding temperatures to be 551 °C and 339 °C respectively for 

the cooling rate concerned. This shows that the phase transformation algorithms in 



69 

the software are probably appropriate for the steel composition concerned and gives 

confidence in the accuracy of the TTT diagram of Fig. 24 used to choose the QSTs. 

Of course, the above results apply to the continuous cooling of non-deformed 

material and the bainite formation temperature range may be different when starting 

with deformed austenite. However, the results suggest that the chosen cooling paths, 

with QSTs of 560 °C and 420 °C, should result in fully bainitic microstructures. 

The following section presents some results concerning the microstructures and 

textures observed after direct quenching to the two QSTs and subsequent isothermal 

cooling to the room temperature. 

4.2.1 Microstructure 

Effect of quench stop temperature (QST) 

Fig. 25 shows examples of the as-rolled microstructures as seen in combined laser 

scanning–light optical images. Both lath type bainite and granular bainite is present 

for the QST of 560 °C, while a QST of 420 °C resulted in mainly lath type bainite. 

Granular bainite appeared as small (<10 μm) grains with lighter contrast than the 

lath type bainite.  

In the samples containing Nb, the bainitic laths appeared to nucleate and grow 

from the prior austenite grain boundaries, whereas without Nb, such a tendency 

was not apparent in the several microstructure examinations. However, it could be 

also owing to the effect of sectioning the samples and the orientation of bainitic 

laths relative to the sectioned surface. Due to the complexity of bainitic 

microstructures and the difficulty in identifying and characterizing them with light 

optical microscopy, FESEM was carried out for detailed investigations. The 

FESEM micrographs for both upper bainite (QST 560) and lower bainite (QST 420) 

are presented in Fig. 26. Comparing Fig. 26 a) and Fig. 26 b), it is obvious that the 

cementite particles in the lower bainite are finer and distributed more uniformly 

than in the upper bainite.  The microstructures were consisted of a mixture of 

different bainitic morphologies, for example plate-like bainite (PLB), lower lath-

like bainite (LLLB) and conventional upper bainite (CUB). Figs. 27-29 show that 

different varieties of bainitic morphologies were identified in the present samples 

as described in the following paragraphs. Also, more details about the 

misorientation difference between the upper bainite and lower bainite 

microstructure can be found in Paper III. 
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Fig. 25.  Combined laser scanning and light optical images of the microstructures of the 

samples after nital etching (Under CC BY-NC-ND Paper III 2019 © Authors). 

 

Fig. 26. Starting microstructures: a) lower bainite and b) upper bainite. FESEM 

secondary electron images after nital etching (Reprinted by permission from Paper IV 

2019 © Elsevier Inc.). 
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Plate-Like Bainite (PLB) 

The majority of the microstructural constituents in both QST 420 and QST 560 

samples, especially in the QST 420 oC samples, belonged to the plate-like bainite 

morphology, which consisted of irregular plate-like ferrite with fine cementite 

particles inside the plates, as shown in Fig. 27 c). STEM studies (Fig. 29 b)) showed 

that the cementite particles varied in size and were faceted inside the bainitic ferrite 

plate. A similar observation was reported recently by Mandal et al. [136] for a 0.13% 

C ultrahigh-strength steel.  

In the secondary electron (SE) image, it has been seen that PLB was less etched 

compared with its surroundings and other components. It is also important to 

mention that, overall, the PLB has been formed at the lower bainite temperature 

was finer than those formed at upper bainite temperature most probably due to 

lower transformation temperature.  

Granular Bainite (GB) 

When the formation of cementite is retarded, for any reason, carbide free granular 

bainite (GB) can form. It has been seen that in secondary electron images (Fig. 28 

c)), the areas of granular bainite are deeply etched and appear to be quite flat 

compared to the PLB. This is because the ferritic component of GB has a uniform 

composition and crystallographic orientation.  

In the in-lens mode it is very difficult to distinguish GB from the PLB but PLB 

has a less equiaxed shape and comprises an internal structure whereas GB has no 

internal substructure. STEM images (e.g. Fig. 29 c)) clearly show that there are no 

internal features in the ferritic component of GB, which is the most important 

characteristic of this kind of bainitic morphology.  

Lower Lath-Like Bainite (LLLB) 

Precipitation of cementite within the bainitic ferrite laths is characteristic of the 

lower lath-like bainite. According to Zajac, Schwinn, and Tacke [137] and 

Bhadeshia [77], in upper bainite, carbides mainly tend to precipitate on the 

boundaries between the laths whereas in lower bainite carbide precipitation occurs 

within the ferritic laths (Fig. 27 b)). A high-resolution STEM image of such a 

morphology is presented in Fig. 29 a).   
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Fig. 27. a) FESEM secondary electron (SE) image of as-rolled microalloyed sample QST 

420 with Nb. b) In-lens image of highlighted red area of Fig. 27 a) together with a 

schematic illustration of the lower lath-like bainitic (LLLB) morphology. c) In-lens image 

of highlighted blue area of Fig. 27 a) together with a schematic illustration of the lower 

plate-like bainitic (LPLB) morphology (Under CC BY-NC-ND Paper III 2018 © Authors). 
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Fig. 28. a) FESEM secondary electron (SE) image of as-rolled microalloyed sample QST 

560 with 0.012% Nb. b) In-lens image of highlighted blue area of Fig. 28 a) together with 

a schematic illustration of degenerated upper bainitic (DUB) morphology. c) In-lens 

image of highlighted red area of Fig. 28 a) together with a schematic illustration of the 

granular bainitic (GB) morphology (Under CC BY-NC-ND Paper III 2018 © Authors). 
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Degenerated Upper Bainite (DUB) 

Continuous or intermittent layers of retained austenite, distributed inside the 

bainitic ferrite laths or on the lath boundaries were found in sample QST 560. Such 

a morphology is known as degenerated upper bainite (DUB) for both formed 

austenite on the lath boundary [136], [137] and intralath austenite [138], [139]. For 

example, Fig. 29 c) shows a STEM image of small islands of retained austenite 

inside a ferritic-bainitic lath. They were identified on the basis of their diffraction 

patterns and often show lighter contrast than cementite. 

Fig. 29. STEM image of identified bainitic morphologies. a) Lower lath-like bainite 

(LLLB), b) lower plate-like bainite (LPLB), c) degenerated upper bainitic (DUB), and d) 

granular bainite (GB) (Under CC BY-NC-ND Paper III 2018 © Authors). 
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4.2.2 On the role of Nb on microstructure refinement 

The main purpose of the Nb addition is grain refinement 1) during hot rolling due 

to the increase of the non-recrystallization temperature, and 2) restriction of grain 

growth during the austenitization prior to hardening owing to the pinning effects of 

NbC precipitates. The IDS simulations revealed that Nb should also refine the 

solidified grain size by restricting grain growth during cooling of the casting, see 

Fig. 30. The precipitation of NbC in the casting after solidification is the main 

reason for such a decrease in the as-cast grain size as the grain size and grain growth 

are mainly affected by the solidification cooling rate and also the pinning effect of 

precipitates [140].  

High resolution EBSD was used to conduct comprehensive measurements and 

quantification of the grain size of the parent austenite and final microstructure 

present in the as-cast, reheated and hot rolled conditions. In summary, Fig. 31 

shows the reconstructed prior austenite grain structure of QST 420 samples (both 

containing Nb and Nb free) in the as-cast, slab reheated, and as-rolled conditions. 

For the slab reheated condition, as-cast material was reheated at 1200 °C for 3 hours 

and then immediately quenched in water to a fully martensitic microstructure. To 

cover a larger area, a series of EBSD measurements were stitched together. The 

average grain size determined using the equivalent circle diameter method and the 

average hardness value of each sample are also given in each figure. The average 

hardness values are based on at least six indentations. 

Fig. 30. The as-cast prior austenite grain diameter predicted using the IDS software as 

a function of Nb concentration for the composition 0.4 C, 0.23 Si, 0.32 Mn, 1.12 Cr, 0.76 

Mo, 0.004N wt.% (cooling rate 1 °C/s below 1600 °C) (Reprinted by permission from 

Paper II 2018 © Springer Nature). 
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It can be seen that the sample containing Nb has a finer structure and higher 

hardness than the sample without niobium at all stages of the processing chain. 

These results are in line with earlier reports [42], [49]–[56] that microalloying with 

Nb can refine the microstructure of low-alloy steels through the whole production 

process from solidification through slab-reheating to controlled-rolling and 

accelerated cooling resulting in finer final microstructures and higher strengths. 

In the as-cast condition, as Fig. 31 shows, the addition of just 0.012 wt.% Nb 

to the composition refined the average effective grain size of the cast martensitic–

bainitic microstructure by around 35 %, which resulted in a higher hardness level. 

(Here effective grain size means the equivalent circle diameter of grains enclosed 

by boundaries with a misorientation of 15° or more). The precipitation of NbC in 

the casting after solidification is the main reason for such a decrease in the as-cast 

grain size as the grain size and grain growth are mainly affected by the solidification 

cooling rate and also the pinning effect of precipitates [140]. 

According to the IDS software simulation given in Fig. 30, an addition of 0.012 

wt.% Nb should reduce the prior austenite grain size only slightly from 1700 µm 

to 1638 µm. On the basis of the reconstructed austenite grains shown in Fig. 30 (a 

and a’), it would appear that the effect of Nb on the austenite grain size is, however, 

greater than predicted.  

It should be noted that since the as-cast austenite grain diameters were really 

large, it was not possible to image whole grains in the FESEM even using the lowest 

possible magnification that gave sufficiently confident indexing of the EBSD data. 

Therefore, a series of 18 images has been stitched together to obtain the overall 

images in Fig. 31 a) and 31 a’). As expected, the observed refining effects of the 

small addition of Nb on the prior austenite grain size and the effective grain size of 

the as-cast martensitic–bainitic microstructure were beneficial during reheating 

prior to hot rolling. According to the Figs. 31 b) and 31 b’), the sample containing 

Nb has the about 28% finer austenite grain structure after the reheating step 

compared to the Nb free sample. 

Concerning the role of Nb on the grain structure during hot rolling, it has been 

shown that earlier in Fig. 21, based on the simulation results, for the alloy 

containing Nb the amount of Nb in the interdendritic region due to segregation 

during solidification could increase to 0.026 wt.%. According to equilibrium 

thermodynamic calculations (Fig. 21), Nb will be in solid solution at the soaking 

temperatures (1200 °C) in both dendritic and interdendritic region. Speer and 

Hansen [61] showed that solute drag effect is the main mechanism of the austenite 

grain refinement by Nb. Maruyama and Smith [62] also pointed out that even small 



77 

substitutional–interstitial atomic clusters can prevent the onset of recrystallization. 

Moreover, between rolling passes and at adequately low temperatures, Nb(CN) 

precipitation can refine the austenite grain structure by hindering grain boundary 

movement [51], [52] and thereby decreasing the grain growth [63]. Nb(CN) 

precipitation is also known to prevent subgrain boundary movement, thus 

increasing the RST in compared to a Nb-free composition. Therefore, a higher 

degree of pancaking and deformation of the austenite without recrystallization can 

be resulted. This, in turn, leads to finer final α microstructures. 

Fig. 31. Reconstructed prior austenite grain structures. a and a') As-cast material. b and 

b') Reheated to 1200 °C for 3 h. c and c') After hot rolling and quenching to 420 °C as 

seen on RD-ND cross-sections. d and d') After hot rolling and quenching to 420 °C as 

seen on TD-ND cross-sections. Mean Equivalent Circle Diameter (ECD) grain sizes and 

hardness levels are given in each image. The green grain boundaries are the grain 

boundaries with special misorientation angles like thermal twin boundaries (Under CC 

BY-NC-ND Paper III 2018 © Authors). 
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The beneficial effect of Nb on the final mean effective ferritic grain size is apparent 

in Fig. 32 for the QST 420 samples. Here the effective grain size is taken as the 

ECD of grains surrounded by boundaries with a misorientation angle of at least 

15 °. For the QST of 420 °C, the addition of Nb reduced the ECD effective grain 

size (𝑑 % ) from 5.3 to 4.1 m (𝑑 %  is the effective grain size at 90% in the 

cumulative grain diameter distribution). Comparing the grain size distributions in 

Figs. 32 c) and (c’), it appears that the addition of Nb has an even greater effect on 

the largest effective grain diameter recorded, which is around 23 m without Nb 

and 16 m with Nb. This almost one-third reduction of the size of the coarse grains 

brought about by the Nb addition may have greater consequences for the impact 

toughness of the microstructure than the 22% reduction in the mean grain size: in 

the case of direct quenched martensite, an inverse relationship between the Charpy 

V impact transition temperature and the size of the largest grains in the effective 

grain size distribution has been found [141].  
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Fig. 32. a and a') Inverse pole figure map showing the crystallographic orientation of 

the rolling direction. b and b') High-angle grain boundaries in the bainitic microstructure 

and the equivalent circle diameter (ECD) mapping of each grain. c and c') Grain size 

(ECD) distribution of the samples QST420-Nb free and QST420-0.012%Nb, note the 

different scales of the axes and colour bar (Under CC BY-NC-ND Paper III 2018 © 

Authors). 
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4.2.3 Texture 

The macrotexture of the centreline of rolled samples were examined by measuring 

three important bcc pole figures, i.e. (200), (110) and (211), using X-ray diffraction. 

These were used to construct orientation distribution functions (ODF) in three-

dimensional Euler space. In bcc metals, the most important texture components, in 

both the deformed and annealed condition, are found in the  φ = 45° section of the 

Euler space [142]. Fig. 33 shows such ODF maps as calculated from the X-ray 

diffraction pole figures as well as a schematic illustration of the ideal positions of 

the main components in the  φ = 45° section. The RP value (error factor) for the 

calculation of the ODFs from the pole figures was 3.6% on average, which indicates 

good ODF reliability [143]. The texture of the samples was typical of that found in 

hot bands of ferritic steels when the transformation texture originates from a 

pancaked austenite rolling texture, i.e. the main components are 

{113}〈110〉  ,{111}〈121〉  , and {323}〈131〉   [144]. The characteristics of the 

main identified components and also their volume fractions are given in Table 6. 

The volume fraction was calculated as the fraction of grains whose orientation lies 

within a 10° tolerance of each ideal orientation. 

Fig. 33. Centreline ODF sections at 𝝋𝟐=45o.  a) Nb free – QST 420, b) 0.012% Nb QST 420, 

c) QST 560 Nb free, d) QST 560- 0.012% Nb, and e) typical rolled bcc texture components 

in the 𝝋𝟐= 45° section (Under CC BY-NC-ND Paper III 2018 © Authors). 



81 

Table 6. The volume fraction of the main observed texture components and their Euler 

angles and orientations (Under CC BY-NC-ND Paper III 2018 © Authors). 

Symbol Component ℎ𝑘𝑙 〈𝑢𝑣𝑤〉 Euler Angles (°) Crystal Orientation Component volume fraction 

(%) 
𝝋𝟏 ∅ 𝝋𝟐 N4201 Y4202 N5603 Y5604 

TC1 
Transformed 

Copper 
112 〈110〉 0 35   45 

 

7.28 8.07 7.84 8.50 

TC2 
Transformed 

Copper 
113 〈110〉 0 25 45 

 

6.15 6.97 7.98 8.39 

RC 
Rotated 

Cube 
001 〈110〉 0/90 0 45 

 

2.47 3.21 3.97 3.63 

TB 
Transformed 

Brass 
111 〈112〉 0 0 0 

 

4.03 3.19 4.18 4.55 

C Cube 110 〈001〉 90 90 45 

 

1.84 2.44 2.32 2.13 

Gs Goss 110 〈001〉 15 47 68 

 

1.08 0.98 1.27 1.22 

A1 - 525 〈151〉 345.5 2.5 45 

 

3.40 3.50 3.91 3.98 

A2 - 113 〈110〉 23 50 56 

 

4.89 5.96 6.49 6.78 

A3 - 110 〈011〉 60 55 45 

 

3.34 2.67 3.22 3.44 

All other orientations     64.45 64.08 58.88 57.62 

1QST420  Nb free, 2QST 420-0.012%Nb, 3QST 560-Nb free, 4QST 560-0.012%Nb 

The ODF sections show that the texture of the alloys is essentially the same for 

both QSTs, 420 °C and 560 °C, comprising mainly ND//<111> , i. e. γ , and 

RD//<110>, i.e. α, fibres. However, the volume fractions of the main transformed 
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components were greater in samples QST 560-Nb free and QST 560-0.012% Nb 

than in samples QST 4200-Nb free and QST 420-0.012% Nb. Moreover, the 

volume fractions of the main transformed components in the samples containing 

Nb was a little greater than the sample without Nb. In general, the sharpness of the 

texture and the relative intensities of the various components depend on the 

composition of the steel, the amount of rolling reduction below the RST, the initial 

austenite grain size, and the cooling rate during transformation [44]. Nonetheless, 

as all of these factors were similar for both specimens, the sharper texture of the 

Nb microalloyed sample is most probably a result of a stronger austenite texture 

due to the presence of Nb increasing the amount of deformation in the no-

recrystallization temperature regime. 

Fig. 34 presents macrotextural details of the α and γ-fibres, which are the most 

important fibres for hot rolling under plain strain deformation, and the ε-fibre.  With 

regard to Fig. 34 a), in the α- fibre all the samples have the maximum orientation 

intensity near {223} 〈110〉   and {112} 〈110〉   and the intensity of these 

orientations is almost the same for all samples. Regarding Fig. 31 b), it is worth 

noting that the γ-fibre contained important recrystallization components, especially 

close to {111}〈112〉   and {111}〈123〉  . Fig. 31 c) shows that the orientation 

density of ε- fibres is mainly centred on {332}〈113〉  and {554}〈225〉  which are 

transformed components originating from the parent austenite brass component. Of 

course, due to symmetry, there is an intensity peak at the beginning of the ε-fibers 

corresponding to that at the beginning of the α -fibre. It has been reported that, 

among the transformation texture components found in controlled rolled low-

carbon oil and gas pipeline steels, the {113} 〈110〉   (TC2) component causes 

significant anisotropy in mechanical properties i.e. both strength and toughness 

[40], [44], [45]. By contrast, less anisotropy in strength and toughness is reached 

when the {332}〈113〉  component is strong. This indicates that the composition 

containing Nb may offer more isotropic mechanical properties than that without Nb 

as the intensity of the {332}〈113〉   component is increased by the addition of Nb. 
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Fig. 34. Macro-textural changes amongst the different samples including a) Alpha fibre, 

b) Gamma fibre, c) Epsilon fibre and. d) Schematic illustration of location 𝜶, 𝜸 and 𝜺- 

fibres in the Euler Space (Under CC BY-NC-ND Paper III 2018 © Authors). 

4.3 Induction hardening process 

It has been widely reported [71], [74], [75] that during rapid heating, like with 

induction heating, the transformation mechanism and the start and end 

temperatures for austenite formation depend on three main parameters, namely 

heating rate, initial microstructure, and chemical composition. The following 

sections present some novel results regarding the influence of heating rate and peak 

temperature during the Gleeble simulated induction hardening on the Nb 

microalloyed samples.  
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4.3.1 Effect of heating rate on the critical re-austenitization 

temperatures  

Fig. 35 shows a calculated carbon isopleth phase diagram for the steel composition 

in question using Thermo-Calc. According to this, on heating under equilibrium 

conditions for a carbon content of 0.40 wt.%, austenite formation starts (Ae1) at 

742 °C and finishes (Ae3) at 788 °C.  

Fig. 35. Equilibrium carbon isopleth for the studied steel chemistry calculated using 

Thermo-Calc software (Under CC BY-NC-ND Paper V 2019 © Authors).  

Table 7 presents more details regarding the predicted equilibrium phase 

transformation temperatures. Under equilibrium conditions, cementite dissolves in 

the temperature range between 742 and 755 °C along with increasing of austenite 

volume fraction. Furthermore, Nb(CN), which is mostly NbC, is expected to be 

stable up to 1102 °C. However, the initial volume fraction of Nb(CN) is very small 

at 0.02%. 
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Table 7. Equilibrium transformation temperatures for the studied material calculated 

using Thermo-Calc (Reprinted by permission from Paper IV 2019 © Elsevier). 

Phase (volume fraction) Temperature (°C) 

Liquid (100%) >1485 

Liquid (100%) ⇋ Liquid + γ (0.001%) 1485 

Liquid + γ ⇋ γ (100%) 1438 

γ (100%) ⇋ γ + Nb(C,N) (0.001%) 1102 

γ + Nb(C,N) ⇋ γ (99%) + Nb(C,N) (0.016%) + α (0.001%) 788 

γ + Nb(C,N) + α ⇋ γ (80%) + Nb(C,N) (0.017%) + α (19.5%) 769 

γ + Nb(C,N) + α ⇋ γ (31%) + Nb(C,N) (0.018%)  + α (68%) + Cementite (0.001%) 755 

γ + Nb(C,N) + α + Cementite ⇋ Nb(C,N) (0.02%)+ α (94%) + Cementite (5.9%) 742 

Fig. 36 presents typical graphs of dilation vs temperature for different heating rates. 

For both initial bainitic microstructures, the main on-heating transformation 

temperatures (Ac1 and Ac3) which simply calculated as the first deviation of the 

thermal expansion from a linear course, continuously increase with increasing the 

heating rate. It can be observed that all heating cycles result in 100% austenite at 

the peak temperature of 950 °C for both initial bainitic microstructures. The related 

data from Fig. 36 is summarized in Fig. 37, indicating that heating rate had a greater 

effect on the transformation temperatures of upper bainite compared to the lower 

bainite and that the austenite + ferrite region spreads over a wider temperature range 

by increasing the heating rate. Generally, Ac1 and Ac3 were higher for the material 

QST 560. The maximum Ac3 of 886 °C was recorded for sample QST 560 at heating 

rate of 500 °C/s which is around 95 °C above the calculated Ae3. The differences 

between the experimental and equilibrium transformation temperatures in both 

samples also shows that during continuous heating, austenitization is noticeably 

slower for upper bainite than lower bainite, especially when the rate of heating is 

slow. The reasons for this will be discussed later, in the section 4.3.3 (Effect of 

heating rate on cementite dissolution).    

The estimated austenite volume fraction from the dilatometry curve using the 

lever rule for QST 560 is presented in Fig. 38. It obviously proves the strong 

sensitivity of austenite formation kinetics to increasing the heating rate in this 

sample. A general interval (shift) of ~30 °C can be observed between the three 

identical data sets obtained at conventional (slow) heating rates (1-5 °C/s), fast 

heating rates (10-50 °C/s), and ultra-fast heating rates (100-500 °C/s). 
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Fig. 36. Dilatometer curves obtained on heating at different rates: a) lower and b) upper 

bainite. Curves displaced relative to each other for clarity (Reprinted by permission 

from Paper IV 2019 © Elsevier). 
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Fig. 37. Phase transformation temperatures as a function of heating rate (Reprinted by 

permission from Paper IV 2019 © Elsevier). 

 

Fig. 38. Smoothed interpretation of austenite volume fraction curves obtained by 

applying the lever rule from the dilatometry results of sample QST 560 (Reprinted by 

permission from Paper IV 2019 © Elsevier). 
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It is noteworthy to compare the observed effect of heating rate with that calculated 

using DICTRA. A moving boundary system for a binary Fe-0.4%C was selected 

for the simulation of austenite formation and growth during continuous heating as 

the simulation setup did not converge for the multi-component steel composition 

due to the complexity of the defined system and the need to have the real 

composition of each phase. 

The calculated mass fraction of austenite, ferrite and cementite as a function of 

temperature during heating at different rates is given Fig. 39. The simulation 

demonstrates that the formation of austenite begins with the simultaneous 

dissolution of cementite and ferrite. The rate of austenite formation is relatively 

high until the point at which the central cementite particle is completely dissolved. 

After that, a noticeable fall can be observed in the rate at which the austenite mass 

fraction increases with temperature. In other words, the rate of austenite formation 

is high as long as cementite is existing as a source of carbon for the growing 

austenite. It can be observed from Fig. 39 that the temperature of cementite 

dissolution and the amount of remaining ferrite at that point depends on the heating 

rate.  

Certainly, the temperature window of the Fe-Fe3C simulations will be different 

from what they would be for the actual alloy composition owing to the missing 

effect of the alloying elements on the equilibrium temperatures. Also, the cementite 

dissolution may be occurred with a slower rate in the real alloy due to the presence 

of Cr, which can rise the temperatures at which the cementite is entirely dissolved 

in the growing austenite. Even so, comparing Fig. 38 and Fig. 39 reveals that the 

significant change in the rate of austenite formation predicted in Fig. 39 is not 

observed in reality in Fig. 38.  
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Fig. 39. DICTRA simulations for a spherical Fe-0.4 % C binary system initially 192 nm in 

radius with a central cementite particle 75 nm in radius showing the mass fraction of 

austenite, ferrite and cementite as a function of temperature during continuous heating 

at a) 1 °C/s, b) 5 °C/s, c) 10 °C/s, d) 50 °C/s, e) 100 °C/s, and f) 500 °C/s (Reprinted by 

permission from Paper IV 2019 © Elsevier). 

Two main reasons can explain this difference. One is that, in the real alloy, the 

diameter of the cementite particles is not uniform at the average value, but varies 

from very small extent up to about 300 nm. The other, more important reason, is 
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that the for simulation it has been assumed that austenite can form at all cementite–

ferrite interfaces equally easily with zero driving force which is not true; actually, 

austenite nucleates preferentially at cementite particles associated with high-angle 

ferrite grain boundaries [145]. Many cementite particles might be surrounded by 

austenite growing from neighbour’s nucleation sites without nucleating any 

austenite of their own. In effect, this would be roughly equivalent to an increase in 

the sizes of the cementite and ferrite shell in the model system. Fig. 40 shows the 

effect of cementite diameter in the simulated model for a heating rate of 500 °C/s. 

It can be observed that for the small initial cementite size, the cementite dissolves 

in a narrow temperature window before the disappearance of ferrite, which causes 

an obvious and sharp two-stage austenite formation. On the other hand, the 

dissolution of large cementite particles occurs over a much wider temperature range 

even extending beyond the disappearance of ferrite. Reality will be a combination 

of these cases leading to the observed relatively smooth variation of austenite 

volume fraction as function of temperature. 

Fig. 40. Mass fraction of austenite, ferrite and cementite during the continuous heating 

at 500 °C/s. DICTRA simulations for a Fe-0.4C binary steel with initial cementite diameter 

of a) 50 nm, b) 100 nm, c) 150 nm, and d) 300 nm (Reprinted by permission from Paper 

IV 2019 © Elsevier). 
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4.3.2 Effect of heating rate on the prior austenite grain structure 

The reconstructed prior austenite grain structures of sample QST 420 heated with 

different rates to 950 °C and immediately cooled at 50 °C/s are shown in Fig. 41. 

It can be seen that increasing the heating rate from to 1 to 50 °C/s leads to a 

refinement of the prior austenite grain size (PAGS). The average grain size, 

expressed as an equivalent circle diameter, for a heating rate of 50 °C/s was 8.10 

µm while for 1 °C/s it was 10.85 µm. However, the differences in the grain size 

distributions are greater than the differences in the mean values imply: the coarse 

grains with a diameter of 10–20 µm that are present after heating at 1 °C/s are 

absent after heating at 50 °C/s.  The effect of heating rate changes, however, for 

rates above 50 °C/s: fine grains less than 10 µm in diameter coexist with coarse 

grains that are between 20 and 42 µm in diameter when the heating rate is 100 °C/s 

and 500 °C/s (Fig. 41 f) and g)). The same trend was obtained for the upper bainite 

material (QST 560). The mean ECD prior austenite grain sizes for both the initial 

structures are listed in Table 8. It should be noted that after re-austenitization, the 

as-rolled, pancaked, starting prior austenite structure shown in Fig. 41 a) is 

completely eliminated by all the thermal cycles irrespective of heating rate. 

Prior austenite microstructures as revealed by laser confocal scanning 

microscopy of specimens etched with picric acid are given in Fig. 42 for heating 

rates of 50 and 500 °C/s. These show the same trend as seen with the EBSD 

austenite reconstruction results. Looking at the grain size distributions shown in 

Fig. 41(b), it seems as though there are unimodal distributions for heating rates of 

1–50 °C/s and coarse bimodal distributions for heating rates of 100–500 °C/s. The 

reasons for these differences are discussed in sections, 4.4 and Paper IV. 

Table 8. The effect of heating rate on the number and mean size of parent austenite 

grains (Reprinted by permission from Paper IV 2019 © Elsevier). 

Heating rate (°C/s) 1 5 10 50 100 500 

QST 420 
PAGS1  10.85 9.35 8.70 8.10 11.30 11.50 

PAGS No.2 603 611 724 746 565 566 

QST 560 
PAGS1  11.35 9.65 8.95 8.30 12.50 13.10 

PAGS No.2 575 620 704 721 495 413 

1Prior austenite grain size (μm), 2Number of prior austenite grain in an area of 220X220 (μm2) 
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Fig. 41. a) As-rolled, pancaked parent austenite grain structure before thermal cycling. 

b) Grain size distribution of parent austenite after induction heating to 950 °C with 

different heating rates followed by immediate cooling at 50 °C/s. c) - g) Examples of 

reconstructed parent austenite grain structures given in b). It should be noted that to fit 

the all structures c) - g) into this figure, they have been cropped in half from their original 

size of 220X220 𝛍𝐦 2 but the quantitative data given in b) are from the whole area 

(Reprinted by permission from Paper IV 2019 © Elsevier). 
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4.4 Role of heating rate and re-austenitization mechanism on the 

prior austenite grain structure  

It has been observed that for the QST samples contacting Nb depending on the 

heating rate, there are two main trends for the austenite grain structure obtained 

during re-austenitization prior to hardening. These are discussed in the following 

two sections.  

4.4.1 Fine unimodal grain size distribution (heating rate up to 

50 °C/s) 

The observed refinement of the austenite grain size with increasing heating rate up 

to 50 °C/s seems logical as higher heating rate reduces the temperature window 

from Ac3 to the peak temperature, and the time spent crossing that temperature 

interval. Both of these effects reduce the extent of grain growth that can occur after 

the transformation is completed.  

Also, higher heating rates give the opportunity for more numerous austenite 

nucleation sites to become active, which means a higher density of grains, i.e. a 

smaller initial grain size on reaching Ac3. Table 8 indicates that the number of 

austenite grains increased by around 20% as the heating rate increased from 1 °C/s 

to 50 °C/s. It is also possible that undissolved cementite particles will be more 

common as the heating rate increases. As their volume fraction remains significant, 

their pinning effect may also help retard grain growth.  

4.4.2 Bimodal grain size distribution (heating rates 100 and 500 °C/s) 

The appearance of a bimodal grain size distribution at the two highest studied 

heating rates does not follow the logic of the austenite nucleation and growth 

mechanisms given above and it implies that some other transformation or grain 

growth mechanism must become involved at high heating rates. The possibilities 

are i) abnormal grain growth above Ac3, ii) growth of retained austenite, or iii) the 

appearance of a diffusionless transformation mechanism.   

It has been proposed that the incidence of abnormal grain growth is increased 

by high heating rates [146]–[148], but a soaking time of a few minutes at peak 

temperature is required and the peak temperature should be sufficiently high to 

reduce the incidence of fine precipitates in the microstructure [149]. For example, 

the grain coarsening temperature (GCT) for a medium carbon low alloy steel, 
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microalloyed with V and Ti was reported to be about 1250 °C after holding for 3 

minutes at the given temperature [147]. Such conditions are not met in this work 

and it is unlikely that abnormal grain growth can explain the bimodal grain structure. 

It has also been pointed out that the mechanism of austenite formation and 

growth in the presence of retained austenite depends on the heating rate such that 

at slow rates the retained austenite decomposes to ferrite and carbide below Ac1, 

while at high heating rates the retained austenite can survive to above Ac1, where it 

can start to grow leading to the reformation of the austenite grains from which the 

retained austenite islands were remnants [149]–[151]. In this way, a slow heating 

rate would only lead to the formation of new austenite grains as described above, 

while at higher heating rates there could be a competition between new nucleation 

of austenite and growth from the retained austenite, thereby giving a mixture of 

coarse and fine grains. To test this hypothesis the following thermal cycles have 

been performed: heating to 740 °C (below Ac1) at 5 °C/s, holding for 10 seconds, 

then heating to 950 ° C at either 100 °C/s or 500 °C/s followed by rapid quenching. 

Both cycles led to heterogeneous parent austenite grain structures, i.e. mixtures of 

coarse and fine grains very similar to those produced by direct heating at 100 and 

500 °C/s. If retained austenite were the reason for the bimodal grain size 

distribution, the heating at 5 °C/s to 740 °C and holding for 10 s would be sufficient 

to allow any retained austenite to decompose since direct heating at 5 °C/s results 

in a unimodal grain size distribution. In that case, i.e. no retained austenite 

remaining, the further heating beyond 740 °C at the higher rates should also 

produce a unimodal distribution, but such was not observed. 

More evidence against the retained austenite hypothesis is provided by the size 

and shape of the coarse grains, which do not resemble the size and shape of the 

elongated prior austenite grains in the starting material as they should if they 

formed from the retained austenite. Therefore, the growth of retained austenite 

cannot be the explanation for the bimodal austenite grain size distribution seen here.  

Evidence for the formation of austenite by a diffusionless mechanism, 

composition invariant, at high heating rates has often been proposed [71], [72], 

[145]. Diffusionless mechanisms can either be displacive, i.e. martensitic in nature, 

or massive. Austenite formed by a displacive transformation cannot cross high-

angle ferritic grain boundaries due to the need to maintain coherency at the interface, 

i.e. an orientation relationship with the parent ferrite. Therefore, austenite formed 

in this way would need to have a grain size less than the effective, high-angle grain 

size of the starting bainite. In the current case, the effective grain size distribution 

of QST 420 and QST 560 is such that the largest grains have ECD values below 34 
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microns, which is less than the size of the coarsest austenite grains observed, i.e. 

42 μm . This would seem to rule out the possibility of austenite forming by a 

displacive mechanism. An incoherent austenite–ferrite interface in a massive 

transformation, on the other hand, is not restricted in this way. Also, mobile, 

incoherent, massive transformation fronts can proceed at high speeds [71] and can 

thereby lead to the formation of coarse grains. 

For the diffusionless massive transformation to be possible, the free energy of 

the austenite, with the composition of the ferrite into which it is growing, must be 

lower than that of the ferrite. This condition is reached for temperatures and ferrite 

compositions to the right of the T0 line in Fig. 42. The temperature T0 is defined as 

the temperature at which austenite and ferrite, at the same composition, have the 

same Gibbs free energy. From an energy point of view, ferrite can transform to 

austenite without the need for carbon or alloy element diffusion at temperatures 

above T0. There is then only a need to rearrange the substitutional elements from 

the atomic arrangement of the bcc lattice to that of the fcc lattice at the advancing 

reaction front. [76], [145]. 
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Fig. 42. a) Carbon isopleth for the studied steel composition (solid black line) together 

with the T0 line (dotted red line). b) Gibbs free energy versus composition scheme of 

austenite and ferrite at 875 °C (Reprinted by permission from Paper IV 2019 © Elsevier). 



97 

The Ac3 temperatures in Fig. 43 for the two highest heating rates suggest that the 

massive transformation needs to be possible at about 875 °C when the plot reaches 

a plateau. This means that the ferrite must contain more carbon than that of the T0 

line at this temperature, i.e. 0.029 wt.%. During heating, the cementite precipitates 

in the untransformed bainite will eventually tend to dissolve and raise the amount 

of carbon in solution. Assuming local equilibrium at the cementite–ferrite interface, 

DICTRA calculations for the dissolution of cementite during heating for the multi-

component system show that even at the high rate of 500 °C/s the content of carbon 

in the ferrite surrounding the fine cementite precipitates (radii of 12 nm) is 

predicted to reach an average value above 0.029 wt.% at 875 °C, see Fig. 44. It 

seems, therefore, as though it is feasible for the bainitic ferrite that is still 

untransformed at 875 °C to undergo a massive transformation to austenite. Since 

massive transformations can proceed behind fast-moving interfaces, this can 

explain the appearance of the coarse austenite grains for the two highest heating 

rates. 

Fig. 43. Ac3 vs heating rates for both starting microstructures (Reprinted by permission 

from Paper IV 2019 © Elsevier Inc.). 
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Fig. 44. The minimum carbon concentration in ferrite during cementite dissolution 

obtained by using DICTRA for a multi-component system and a spherical geometry 

consisting of a centre-located cementite (diameter of 24 nm) surrounded by a ferrite 

shell, diameter of 100 nm (Reprinted by permission from Paper IV 2019 © Elsevier). 

4.4.3 Effect of heating rate on cementite dissolution  

During heating, austenite nucleates at cementite–ferrite interfaces and ferrite grain 

boundaries [72]. Particularly effective nucleation sites are formed by cementite 

particles on ferrite grain boundaries [145]. As the temperature increases during 

heating, the untransformed microstructure will experience an ever-increasing 

driving force for transformation, so it is likely that less effective nucleation sites 

will also become active such that ever more cementite is consumed in the formation 

and growth of new austenite grains. Cementite not consumed in this way will 

subsequently tend to dissolve after being enveloped by growing austenite grains. 

As heating rate increases, there is a tendency for cementite to survive to higher 

temperatures. This is apparent from Fig. 45 and Fig. 46 and was also reported by 

Clarke et al [152]. 

According to Figs. 45–46, after heating to 950 °C, DICTRA predicts the 

complete dissolution of cementite particles for the binary system for all the studied 

heating rates. This is most likely unrealistic as it is well known that alloying 
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elements strongly affect the phase transformation in multi-component steels. In 

order to simulate the effects of alloying elements on the dissolution of cementite 

using DICTRA, it is necessary to consider a simple model system with cementite 

surrounded by austenite without the presence of ferrite in order to circumvent the 

intractable complications of a moving austenite–ferrite interface that necessitated 

the simple binary treatment shown in Figs. 45-46. The real condition may be 

somewhere in between these two simulations (current simulation and binary 

simulation), as cementite dissolves in ferrite below Ac1 and many cementite 

particles can stay surrounded by ferrite even above Ac1. For the present simulation, 

cementite has been considered as a spherical particle surrounded by the austenite 

matrix in a closed system. The initial cementite radius has been set to the mean 

experimentally measured values for each sample, i.e. radii of 50 nm and 75 nm for 

lower and upper bainite, respectively. The volume fractions of the phases and the 

initial compositions of the cementite were assumed to be those in equilibrium with 

ferrite at 420 or 550 °C as given by Thermo-Calc (see Table 9). With this 

assumption, cementite in upper bainite is predicted to contain slightly more 

chromium than the cementite in lower bainite, which can influence the cementite 

dissolution kinetics. 

Table 9. The considered composition of cementite in the upper and lower bainite 

samples which have been formed at 550 °C and 420 °C, respectively (Reprinted by 

permission from Paper IV 2019 © Elsevier). 

Alloying element 
QST 420  QST 560 

Mass% Mole%  Mass% Mole% 

Fe 79.21 63.21  79.87 63.75 

Cr 8.93 7.65  9.80 8.40 

C 6.73 25.0  6.73 25.0 

Mn 5.07 4.11  3.38 2.74 

Mo 0.035 0.016  0.22 0.10 

Nb 1.91E-10 9.16E-11  9.68E-8 4.65E-08 

Si 4.72E-13 7.50E-13  4.72E-8 7.50E-13 

Total 100.0 100.0  100.0 100.0 

Fig. 46 shows the calculated cementite particle diameter during heating from room 

temperature to 950 °C as a function of heating rate. Except for the heating rate of 

1 °C/s in the case of QST 420 with the smallest cementite particles, the calculations 

predict that there should be undissolved cementite after reaching the peak 

temperature. The case of QST 420 is also given schematically in Fig. 40.  It can be 
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observed that when heating rate is very fast the cementite particle can remain 

undissolved at high temperature. An example of an identified large undissolved 

cementite particle is presented in Fig. 47. The calculations show that cementite 

particles even far smaller than that shown in Fig. 47, which are not consumed in 

the nucleation and early growth of austenite may survive to temperatures as high 

as 950 °C. 

Fig. 45. Cementite dissolution in austenite as a function of temperature and heating rate 

to 950 °C for a) lower bainite and b) upper bainite (Reprinted by permission from Paper 

IV 2019 © Elsevier). 

Fig. 46. Change of a single cementite particle during re-austenitization with continuous 

heating at different rates to 950 °C. The percentage values in brackets indicate the 

volume of undissolved cementite compared to the initial volume (Reprinted by 

permission from Paper IV 2019 © Elsevier Inc.). 
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Fig. 47. Undissolved cementite particle located on a prior austenite grain boundary after 

re-austenitization with the heating rate of 50 °C/s and then quenching (QST550), a) 

FESEM image, b) EDS spectrum of the cementite along with calculated composition 

(Reprinted by permission from Paper IV 2019 © Elsevier). 

Fig. 48 shows that at higher heating rates cementite dissolves faster, i.e. the 

interface velocity is higher, but overall less cementite dissolves due to the shorter 

time available. The above calculations assume that the cementite has a composition 

that is in equilibrium with ferrite at the QST resulting in, for example, much higher 

Cr contents in the cementite than the overall bulk content of 0.92%. Under such 

conditions, dissolution is mainly controlled by the diffusion of the substitutional 

alloying elements like Cr. If the cementite grows under paraequilibrium with no 

partitioning of the substitutional elements, dissolution will be much faster being 

controlled by interstitial C diffusion. In such a case, cementite is predicted to 

dissolve completely under all scenarios below the Ac3 temperatures similar to the 

binary condition which is controlled by carbon diffusion. Furthermore, for all 

scenarios, the velocity of interface between cementite and austenite in the QST 560 

is slower than the QST 420 samples which can be a reason for the higher Ac3 

temperatures and slower austenite kinetics in the dilatometry results, especially at 

the lower heating rates where the diffusion plays an important role. 
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Fig. 48. The cementite–austenite interface velocity for both samples upon heating with 

different heating rates calculated using DICTRA, a) 5 and 10°C/s and b) 50, 100 and 

500°C/s. Note different scales in a) and b) (Reprinted by permission from Paper IV 2019 

© Elsevier). 

4.4.4 Effect of heating rate on the final microstructure  

The martensitic microstructure of the steels after heating to 950 °C and quenching 

at 50 °C/s consisted of lath martensite with a high dislocation density, and laths 

separated primarily by low-angle boundaries and arranged in a complex hierarchy 

of sub-blocks, blocks (a group of laths of the same orientation) and packets (a group 

of parallel laths with the same habit plane) within prior austenite grains [153]. In 

other words, during cooling, a parent austenite grain breaks up into various packets. 

Each packet further subdivides into blocks and extended sub-blocks that contain 

laths where the laths along with blocks and sub-blocks have the same parallel plane 

relationship in a K-S orientation relationship to the parent austenite. Laths, which 

are the finest structural units in a martensitic microstructure, are separated from 

each other by low-angle boundaries [85], [154]. Fig. 49 d) and e) shows an example 

of the distribution of boundary misorientation angles along with a boundary map 

and boundary length fractions for different misorientation ranges. Three different 

criteria have been used to define boundaries: the black lines indicate a 

misorientation larger than 15°, the blue lines misorientations between 2.5° and 15°, 

and the red lines misorientations less than 2.5°. Following others [85], [153] the 

lath boundaries have been characterized as having a misorientation angle less than 

2.5° and the packet and block boundaries have been determined based on the 
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misorientation more than 15°, which in fact corresponds mainly to angles in the 

range 47–60°. 

 The final mechanical properties of the martensitic steel including both strength 

and toughness is strongly affected by the lath, block and packet sizes [153], [155], 

the finer the higher the strength and toughness. Fig. 50 clearly shows that the blocks 

and sub-blocks in QST 420 tended to be aligned in a parallel fashion with a high 

length to width aspect ratio, whereas the QST 560 samples were characterized by 

more equiaxed shapes. For both samples, the variation of the widths and lengths of 

the packets and blocks were significant, so the equivalent circle diameter has been 

used to characterize block and packet sizes.  

 

Fig. 49. a) and b) Image quality maps of an as-quenched sample (QST420) at two 

different magnifications. c) Inverse pole figure (IPF) orientation map. d) Misorientation 

angle distribution. e) Map of boundary locations (Reprinted by permission from Paper 

IV 2019 © Elsevier Inc.). 
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Fig. 50. a-b) Image quality and c-d) inverse pole figure (orientations maps) of typical 

final microstructures after quenching from 950 °C showing the different martensite 

block morphologies. Heating rate 50°C/s (Reprinted by permission from Paper IV 2019 

© Elsevier Inc.). 

The average size of packets and blocks (calculated according to Fig. 49) of the final 

microstructure under different heating rates and cooling rate of 50 °C/s are given 

in Table 10. Comparing these sizes with the parent austenite grain sizes shown in 

Table 8 shows that there is a correlation between the prior austenite size and the 

packet and block sizes such that the finest block and packet sizes were achieved for 

the heating rate of 50 °C/s which gave the finest parent austenite grain size in both 

samples. The determination of the average lath size was not completely satisfactory 

due to the fact that they share common boundaries with sub-blocks and blocks 

boundaries, but qualitatively the FESEM images revealed no obvious differences.  

Table 10. ECD sizes of packets and blocks after heating to 950 °C and cooling at 50 °C/s 

(Reprinted by permission from Paper IV 2019 © Elsevier Inc.). 

Heating rate (°C/s) 
QST 420 (𝜇𝑚)  QST 560 (𝜇𝑚) 

Block Packet  Block Packet 

1 4.23 2.50  4.17 2.65 

5 4.15 2.60  4.30 2.55 

10 4.40 2.58  4.32 2.51 

50 3.94 1.84  3.83 1.95 

100 4.86 2.90  4.80 3.18 

500 4.79 2.85  4.87 3.07 
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4.4.5 Effect of heating rate on the final hardness  

The main aim of an induction hardening process is to produce hard material. The 

present material is intended to achieve a hardness of about 630 HV, corresponding 

to 600 HB, as it has been reported that good performance can be achieved with 

martensite having about this level of hardness when an erosion resistant pipeline is 

sought [156]. Mean hardness versus heating rate is presented in Fig. 51.  The 

hardness gradually increases with increasing heating rate reaching a peak of around 

650 HV at the heating rate of 50 °C/s after which it decreases for the heating rates 

of 100 °C/s and 500 °C/s, most probably due to the coarser grain structure resulting 

from those heating rates. Moreover, martensite hardness is principally a function of 

carbon content and it is expected that the homogeneity of the carbon concentration 

in the austenite, and the martensite formed from it, will decrease as the heating rate 

increases causing increased hardness fluctuations through the sample. This was 

clearly observed in the experiments. For example, as given in Fig. 51, the standard 

deviation for heating rates of 100 and 500 °C/s are considerably higher than for the 

other heating rates. The same trend has been reported for 5150 carbon steel [152]. 

Fig. 51. The hardness variation of both samples vs heating rate. Error bars show the 

standard deviation for a set of 10 measurements for each sample (Reprinted by 

permission from Paper IV 2019 © Elsevier Inc.). 
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4.4.6 Effect of peak temperature on the hardness and microstructure 

For the heating rate of 5 °C/s, the effect of peak temperature on the distribution and 

shape of the parent austenite grains is shown in Fig. 52 and Fig. 53.  As expected, 

austenite grain size increases with increasing peak temperature due to higher grain 

boundary mobility and more extensive grain growth. Higher temperatures will also 

reduce the pinning effects of any NbC precipitates or undissolved cementite leading 

to more grain growth at the given heating rate.   

Fig. 52. The reconstructed parent austenite grain structure and grain size distribution 

for the lower bainite sample after heating to austenitization temperatures at 5 °C/s to a) 

1000, b) 950, c) 900, and d) 850 °C (Reprinted by permission from Paper IV 2019 © 

Elsevier Inc.). 
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Fig. 53. The variation of mean parent austenite grain size (ECD) vs austenitization 

temperature after heating at 5 °C/s (Reprinted by permission from Paper IV 2019 © 

Elsevier Inc.). 

Fig. 54 gives the plots of hardness versus maximum austenitization temperature 

and cooling rate for both samples (heating rate of 5 °C/s). When the cooling rate is 

high enough to ensure an almost fully martensitic as-quenched microstructure like 

40 and 60 °C/s, the variation of hardness as a function of the austenitization 

temperature is less than with the slower cooling rate (20 °C/s). For an almost fully 

martensitic microstructure, hardness slightly decreases with increasing 

austenitization temperature due to the coarsening of the parent austenite grains and 

the resultant coarsening of the martensitic structure (Fig. 52 and Fig. 53). But, for 

both initial microstructures, when the cooling rate is 20 °C/s, hardness increases 

significantly with increasing austenitization temperature due to the fact that, as 

shown below, coarser austenite has a higher hardenability leading to larger volume 

fractions of martensite after cooling. As shown in Fig. 54 for the QST 420, this is 

because, during cooling, lower bainite nucleates first at the austenite grain 

boundaries (blue arrows) and later the remaining austenite transforms to martensite. 

Therefore, a coarser austenite grain structure with a lower incidence of austenite 

grain boundaries leads to a higher fraction of martensite in the final microstructure 

and thereby higher hardness.  

 



108 

Fig. 54. Hardness versus austenitization temperature and cooling rate for a) the lower 

bainite starting microstructure and b) the upper bainite starting microstructure 

(Reprinted by permission from Paper IV 2019 © Elsevier Inc.).   

Fig. 55. FESEM micrograph of sample quenched at 20 °C/s showing the formation of 

bainite on prior austenite grain boundaries (blue arrows) (Reprinted by permission from 

Paper IV 2019 © Elsevier Inc.). 

4.5 Modelling the effect of cooling rate on microstructure and 

hardness 

In order to design the induction hardening process to obtain a desired gradient of 

microstructure and hardness through the thickness of an internally hardened pipe, 
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it is necessary to predict the thermal cycles experienced through the wall thickness 

and use these to predict the microstructure on the basis of a suitable model. This 

section presents the development of an empirically-based phase transformation 

model which has been applied in such a way. As an example, for the QST 420 

material, the model is used to predict the profile of prior austenite grain size, as-

quenched microstructure characteristics and hardness through an induction 

hardened pipe with a wall thickness of 10 mm and an inner diameter of 400 mm. 

The following two sub-sections describe the phase transformation and thermal 

cycle models, which are then combined in the third sub-section to predict the 

through-thickness hardness profile.   

4.5.1 As-quenched microstructure 

The as-quenched (continuously cooled) microstructures of the Gleeble samples 

consisted of polygonal ferrite, different bainitic morphologies and martensite, the 

fractions of which depended on the cooling rate. Several imaging techniques such 

as LSCM, FESEM, and EBSD were employed in order to overcome the challenges 

of microconstituent identification and to characterize the microstructure. Fig. 56 

shows an example of microstructure identification using various images acquired 

from exactly the same area. The image quality (IQ), which is one of the most 

common EBSD maps, constructed based on the quality of diffraction patterns is 

presented in Fig. 56 a). It should be remarked that the contrast observed in the IQ 

can result from surface topology, microstructure, phase, composition and/or other 

features of the microstructure such as residual plastic deformation left from the 

sample preparation [157]. By comparing the captured image quality with the 

secondary electron In-Lens (SE1) image (Fig. 56 c)) and secondary electron (SE2) 

main image (Fig. 56 d)), it can be presumed that, here for the studied samples, IQ 

mainly depends on the sharpness (quality) of the diffraction patterns, which related 

to the strains in the lattice, i.e. dislocation density. By decreasing the transformation 

temperature during the phase transformation sequence (polygonal ferrite to bainite 

to martensite) dislocation density increases, indicating that IQ provides a useful 

visualization of microstructural information. Thus, image quality has been also 

used for characterizing the microstructure and identification of microconstituents 

as using FESEM-SEI alone was not always possible and also EBSD is also 

incapable of identifying ferrite, bainite, and martensite as they are all essentially 

body-centred cubic with indistinguishable diffraction patterns. Additionally, the 

surface roughness has been measured using the laser scanning confocal microscopy 
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(Fig. 56 f)) to check the depth of each phase after etching. By combining the 

techniques mentioned above, it is possible to identify the various microstructural 

components as discussed in the paragraphs below. 

Polygonal ferrite (PF) 

During the continuous cooling, polygonal ferrite (PF) is the first phase to form 

which is accompanied by the rejection of carbon to the austenite. Therefore, it 

would be the softest phase with a lower resistance to etching in comparison to other 

phases containing more carbon in solution. Hence, it looks as deeply etched and 

flat grains in the microstructure, as observed in Fig. 56 d). Besides, based on the 

width of the scratch lines that can be seen crossing some of the PF grains, it can 

also be concluded that the ferrite has a lower hardness than the surrounding 

microconstituents. Etching depths can be seen from the profiles of surface height 

given in Fig. 56 e) and Fig. 56 f). Such that, line 1 is between PF and (lath-like) 

bainite, line 2 is between PF and (granular) bainite, and line 3 is between (lath-like) 

bainite and martensite. It is obvious that the most etched region is PF, then bainite 

followed by martensite, which has the highest surface height. Accordingly, all of 

the identified PF in the selected region have been labelled in the SE1 image Fig. 56 

c) on the basis of mentioned rationale. Apart from the above points, PF is easily 

distinguished from the fact that it appears very dark in the SE1 image and light grey 

in the IQ image and no precipitates or internal features are observed inside PF 

grains.  

Bainite (B) 

By decreasing the temperature further during continuous cooling, the condition 

becomes more favourable for the other components (other than ferrite) to form. 

During slow cooling, for the studied material, bainite forms after PF. The various 

types of bainitic morphologies found in the present steel have been described 

elsewhere by the author [158]. Nevertheless, here all types of bainitic 

microconstituents have been considered under the generic term of bainite (B). 

Bainite has been identified by its internal structure in the IQ and SE1 images and 

also by the fact that it is more strongly etched compared with surrounding 

martensite but less etched compared to PF in in SE2 images. Moreover, bainite 

appears with light contrast with internal substructure in IQ images, see Fig. 56 a) 

and Fig. 56 d). 
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Martensite (M) 

In the IQ image, light areas, i.e. areas with high image quality, are associated with 

little lattice distortion, i.e. low dislocation densities, while darker areas with low IQ 

values are considered to be the result of intense lattice distortion. According to this 

point, the black area in the IQ image is an indication to the presence of martensite. 

However, as can be observed in Fig. 56 a), there are a few small regions near the 

PF grains which are fully black and do not look like the main martensitic areas like 

the grains pointed by red arrows in Fig. 56. These display various shades of dark 

grey which are presumably high-carbon martensite formed from austenite enriched 

in carbon rejected by the surrounding PF.  
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Fig. 56. Different types of image of exactly the same area using a) FESEM-EBSD (image 

quality), b) FESEM-EBSD (inverse pole figures), c) FESEM (secondary electron image 

1), d) FESEM (secondary electron image 2), and e) combined light optical and laser 

scanning confocal microscopy. f) Surface height profiles along the lines identified in (e) 

(Under CC BY-NC-ND Paper V © 2019 Authors). 
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4.5.2 Phase transformation model 

The metallurgical calculations and thermal computations were coupled by fitting 

the phase transformation model to the experimental data of austenite formation 

obtained from the dilatometry measurements. For this purpose, Nelder-Mead 

minimization algorithm within Matlab, applying the fminsearch function has been 

employed. Fig. 57 shows the result of the fitting. Also, reliability of the model 

regarding the effect of rate of heating on the critical austenitization temperatures 

has been checked by fitting the model to the dilatometry data obtained from 

different heating rates. A good agreement between the experimental results and the 

model predictions has been achieved as given in Fig. 58. However, it should be 

remarked that, here, only the effect of heating rate on the austenite decomposition 

temperature has been considered despite the fact that austenite decomposition 

kinetics are known to be influenced also by the austenite grain size [159]–[161]. 

The model could then be used to generate the CCT diagrams like that given in Fig. 

59, for example. 

Fig. 57. Fraction austenite transformed as a function of temperature and constant 

cooling rate as obtained from experimental dilatometer measurements (symbols) and 

model simulations (lines) (Under CC BY-NC-ND Paper V © 2019 Authors).   
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Fig. 58. Comparison of simulated vs experimental amount of austenite formed as a 

function of temperature for different heating rates. The experimental results were 

obtained by calculation from dilatometry data (Under CC BY-NC-ND Paper V © 2019 

Authors).  

Fig. 59. The calculated continuous cooling transformation (CCT) diagram together with 

the experimental (dilatometer) results and microstructure for each experimental cooling 

rate. a) 1 °C/s, b) 5 °C/s, c) 10 °C/s, d) 20 °C/s, e) 40 °C/s, and f) 60 °C/s (Under CC BY-

NC-ND Paper V © 2019 Authors). 
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IQ images of the microstructures obtained after continuous cooling at different 

constant cooling rates from 1 °C/s to 60 °C/s is presented in Fig. 60 a) – f). On the 

basis of the rationale given in section 4.5.1, microconstituents are labeled in the 

micrographs. It is clearly observed that the sample cooled at 1 °C/s mainly 

comprises of large PF grains along with blocky bainite islands (Fig. 60 a)). By 

increasing the cooling rate to 5 °C/s, the size and amount of PF decreases and a 

significant amount of martensite is appeared. With a further increase of the cooling 

rate to 10 °C/s, the microstructure is dominated by bainite and martensite, with just 

a few PF grains. Meanwhile, at the cooling rate of 20, 40, and 60 °C/s, martensite 

was the predominant microconstituent in the microstructures acquired. The 

fractions of all phases as determined using the point counting method on 5 fields 

of view is given in Fig. 61. The figure also shows the fractions predicted by the 

simulation model which is in a good agreement with the experimental measurement. 

 

Fig. 60. Image quality images of the final microstructures after cooling at a) 1 °C/s, b) 

5 °C/s, c) 10 °C/s, d) 20 °C/s, e) 40 °C/s, and f) 60 °C/s. Examples of microstructural 

constituents indicated (Under CC BY-NC-ND Paper V © 2019 Authors). 
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Fig. 61. Comparison of simulated vs experimental volume fractions of ferrite, bainite 

and martensite at the different cooling rates (Under CC BY-NC-ND Paper V © 2019 

Authors). 

4.5.3 Induction hardening simulation 

On-heating temperature profile 

Fig. 62 shows the simulated temperature profile through the pipe wall thickness 

(every millimetre) as a function of time for the two positions A and B shown in Fig. 

14. The selected positions are such that when section B meets the beginning the 

coil, section A is crossing the end of the coil. The aim of process was to reach a 

maximum temperature of about 950 °C at the inner surface in 10 seconds along 

with a gradual decrease in peak temperature towards the outside of the pipe. In 

general, the temperature profile through the thickness of an induction heated pipe 

is influenced by the induction heating parameters i.e. penetration depth and air gap 

and the temperature dependent physical properties of the pipe material. As can be 

seen in Fig. 63 a), in the very beginning of the heating process (section A) the 

heating rates near the inner surface are significantly higher than those further from 

the surface up to the Curie temperature, i.e. 760 °C. This is because of low 

penetration depth and high relative magnetic permeability. At this stage, the inner 

surface is heated directly by the induced current while layers further inside the pipe 
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are heated by thermal conduction from the inner surface. Then, by increasing the 

temperature further, above the Curie temperature, the relative permeability drops 

to unity which extends the penetration depth and results a moderate heating rate 

[108].  

As clearly observed in Fig. 63 b), the rate of heating in section B is not as high as 

in the beginning of the heating process and it converges to about 50 °C/s in the 

main metallurgical temperature window, i.e. between 400 °C to the peak 

temperature. In general, section B is representative of the thermal cycles seen by 

the heated pipe, i.e. all cross-sections beyond section. 

 

Fig. 62. The temperature profile through the pipe wall thickness at sections A and B 

(defined in Fig. 14) (Under CC BY-NC-ND Paper V © 2019 Authors). 
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Fig. 63.  Induction heating rate vs temperature and through-thickness position a) at the 

beginning of the process, at section A, and b) at section B as representative of the 

heating rate of the rest of the pipe (Under CC BY-NC-ND Paper V © 2019 Authors). 

When the induction heating begins, eddy currents are most intense just below the 

surface due to ‘skin effect’. Therefore, beside the highest heating rate, the highest 

peak temperature will also be experienced at or just below the inner surface. In 

other words, both the induced joule heating and temperature are much greater on 

the inner surface than on the outer surface, which leads to the clear initial 

temperature difference and heating rate near the inner and outer pipe surfaces. Later, 
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thermal conductivity causes the heating rate to converge to the almost same level, 

here around 50 °C/s, through the wall thickness. Recently, the present author [162] 

has shown that austenitization at a heating rate of 50 °C/s produces the finest prior 

austenite grain size in the steel under consideration.  

The peak temperature of every millimetre of pipe thickness obtained from the 

simulations of the designed heating process is given in Fig. 64. As shown earlier, 

the heating rate influences the phase transformation temperature i.e. austenite start 

temperature (Ac1) and finish formation temperature (Ac3) [163], [164]. According 

to Fig. 37, which shows the effect of heating rate on the change of austenite 

formation temperatures, it can be seen that both Ac1 and Ac3 temperature increase 

with increasing heating rate and that the finish temperature increases faster than the 

start temperature. Comparing Fig. 64 and Fig. 37, it can be seen that almost 30 % 

of the wall thickness should be fully austenitized, i.e. see temperatures above the 

austenitization finish temperature (red line), 25% is predicted to be heated into the 

two-phase region (between the blue and red lines) and 45% should remain below 

the lower critical temperature (the blue line), i.e. remain as simply tempered as-

rolled microstructure. In this way, a smooth gradient of material properties is 

expected with hard inner layers and a softer, tougher outer body. Toughness here 

means fracture toughness. 

Fig. 64. The peak temperature for the different thicknesses after heating and at the 

beginning of cooling (Under CC BY-NC-ND Paper V © 2019 Authors). 
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On cooling temperature profile 

As shown in Fig. 62, there are three steps during the cooling, i) natural cooling 

between the end of heating and start of water quenching (distance between coil and 

quenching zone) during which heat conduction leads to an increase in temperature 

in the outer layers and a decrease in the temperature of the inner layers, ii) forced 

water cooling that makes the inner layers of the pipe experience earlier and faster 

cooling than deeper layers, and iii) again natural cooling at the point where the pipe 

section leaves the water cooling zone. 

4.5.4 Hardness prediction 

 It is obvious that different cooling rates lead to different microstructures and 

thereby different final hardness levels. As described earlier, the final hardness can 

be estimated by considering the material chemistry, cooling path and consequent 

final microstructure while neglecting the effect of austenite grain size. Fig. 65 

shows a comparison of the measured hardness values of the samples used to 

determine the CCT diagram with the predictions of the models of Maynier, 

Jungmann, and Dollet [106] (Eqs. 14-17), Trzaska [105] (Eqs. 18-19) and Pohjonen, 

Somani, and Porter [98] (Eq. 20). Although for the cooling rates 5 and 20 C/s, 

Trzaska’s model shows slightly better results than the other models, in some cases 

it deviates significantly from the experimental measurements. The overall root 

mean square error (RMSE) shows that for the present steel and conditions, the 

models of Mayner et al. and Pohjonen et al. are the best, and equally acceptable for 

practical use. The RMSE values were 17.25 HV and 17.83 HV for Mayner and 

Pohjonen’s models, respectively, whereas for Trzaska’s model it was 46.45 HV. 

Hence, Mayner and Pohjonen’s models were coupled to the electromagnetic, 

thermal and phase transformation models and employed for the calculations of 

hardness through the pipe thickness as shown in the next section. It should be 

remarked that in adopting the model of Pohjonen, the fitting parameters HVm= 

645.72 HV and C = 12.4 have been employed.  
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Fig. 65. Measured and predicted hardness values of the Gleeble samples vs cooling rate 

(Under CC BY-NC-ND Paper V © 2019 Authors). 

4.6 Prediction of through-thickness microstructure and hardness 

profile 

In order to verify the ability of the model to predict the final microstructure for each 

layer based on its thermal history, all of the calculated thermal cycles for section B 

in Fig. 55 were applied to the studied material using the Gleeble simulator. For each 

layer, dilatometer traces were recorded and the hardness values of the simulated 

microstructures were measured. 

Fig. 66 shows the dilatometric heating and cooling curves as a function of 

temperature for the studied samples. Three types of behaviour can be identified: i) 

samples which transformed fully, or almost fully to austenite during heating (inner, 

inner +1 mm, and inner + 2mm), ii) samples which were partially austenitized 

(inner + 3mm, inner +4 mm, and inner + 5mm), and ii) samples seeing no 

transformation to austenite on heating (inner + 6mm–outer). Fig. 66 d) - f) shows 

examples of typical microstructures for each group. It can be clearly seen that if 

austenitization is incomplete, for example 5 mm below the inner surface, some 

original bainite is retained after heating and cooling. In such layers, there are 

complex microstructures consisting of as-quenched martensite and as-quenched 

bainite along with the original and untransformed but tempered bainite (Fig. 66 e)). 
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This leads to a gradual transition of microhardness from the 630 HV of the fully 

martensitic region in the inner 3 mm of the wall thickness to the 350 HV of the 

tempered bainite within four millimetres of the outer surface. Figs. 66 c) and f) are 

representative of the outer layers, more than 6 mm from the inner surface. The 

dilatation curve in Fig. 66 c) shows no signs of transformation to austenite during 

heating, i.e. the bainitic base material is just tempered. 

Taking into account the above mentioned effects regarding partial 

transformation of bainite to austenite and the role of heating rate on the 

austenitization start and finish temperatures, the empirical model [98], [100] was 

used to predict the fractions of the various microstructural components that would 

be expected on the basis of the exact heating and cooling cycles obtained from the 

induction heating and cooling model (Fig. 62). The results are shown in Table 11. 

There is a gradual transition from the hard-martensitic layers to the ductile, mainly 

bainitic, layers, which ought to result in excellent performance during slurry 

transportation. 
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Fig. 66. Dilatometer curves for different positions through the pipe wall thickness. In 

each case, calculated thermal cycles are followed. On the right are representative 

examples of the microstructures obtained after the thermal cycles (Under CC BY-NC-

ND Paper V © 2019 Authors). 
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Table 11. Microstructures predicted through the pipe wall thickness after induction 

hardening (Under CC BY-NC-ND Paper V © 2019 Authors). 

Constituent (%) 
Inner 

Surface 
+1 mm +2 mm + 3 mm +4 mm +5 mm +6 mm +7 mm >7 mm 

Ferrite 0.00 0.00 0.00 0.00 0.05 0.30 0.50 0.50 0.00 

Quenched bainite 0.10 0.10 0.40 0.80 5.10 10.3 0.50 0.5 0.00 

Martensite 99.0 98.0 97.6 97.2 53.0 30.8 0.10 0.00 0.00 

Initial bainite 0.00 0.00 0.00 0.00 39.9 58.1 98.7 99.0 100 

Retained austenite 0.90 1.90 2.00 2.00 1.95 0.50 0.20 0.00 0.00 

Fig. 67 presents a summary of the phase transformation behaviour and 

consequential microstructure including prior austenite and as-quenched structure 

for the different positions through the wall thickness layers. It can be seen that the 

higher heating rate at the inner surface generated a finer prior austenite grain 

structure (6.5 μm) than a few millimetres below the surface (7.5 μm). In the central 

part of the wall thickness, the maximum temperatures only reached intercritical 

values in the Ac1–Ac3 interval. Here, the prior austenite grain structure consisted of 

fine new austenite grains formed during heating and interspersed among coarse 

pancake-shaped untransformed as-rolled grains, giving an overall average prior 

austenite grain size of 15 μm. The prior austenite of the outer layers, where the 

peak temperature remained below AC1, was that of the original thermomechanically 

rolled strip. Here, the average ECD size was 29 μm.   

The hardness profile through the pipe wall was also predicted by the phase 

transformation model. It is compared with the experimental hardness values 

obtained from the Gleeble simulations of the various thermal profiles, section B in 

Fig. 68. It can be seen that the designed heating and cooling parameters should 

provide a smooth sigmoidal hardness profile with a 3 mm thick, uniformly hard 

inner surface and a 4 mm thick uniformly hard outer surface, where the upper and 

lower hardness levels are 636 and 350 HV. Except the middle layers (around mid-

thickness), which have a complex microstructure, the predictions of the phase 

transformation model are in good agreement with the physically simulated hardness 

values, giving confidence that such a model can be used to evaluate the outcome of 

other induction heating and cooling parameters. Based on regression fitting, the 

hardness value (HV) of the studied Nb-microalloyed material for a mean prior 

austenite grain size of about 6–10 μm can be estimated as function of cooling rate 

(CR) for each layer based on the following exponential correlation: 

 Hardness 233.69 398.49 1 𝑒𝑥𝑝 0.087𝐶  (21) 
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Fig. 67. The temperature profile of the pipe body between the end of the heating and 

beginning of cooling together with the reconstructed prior austenite grain structure and 

final as-quenched microstructure for various positions through the wall thickness 

(Under CC BY-NC-ND Paper V © 2019 Authors). 

Fig. 68. The experimentally measured and predicted hardness profiles through the pipe 

wall thickness (Under CC BY-NC-ND Paper V © 2019 Authors). 
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5 Summary and conclusions 

The thesis and its most important conclusion are best presented under three 

headings: i) development of a new steel composition suitable for an induction 

hardened slurry transportation pipeline, ii) characterization of the effect of Nb on 

the grain refinement and texture strengthening, and iii) designing the pipe induction 

hardening process while considering the effect of heating and cooling rate in order 

to achieve the desired gradient of material properties through the pipe wall. 

5.1 Development of a new steel composition suitable for an 

induction hardened slurry transportation pipeline 

Metallurgical principles assisted by computational thermodynamics and kinetics 

have been used to design the chemical composition of a novel steel for wear 

resistant applications such as slurry transportation pipelines. Commercial software 

packages for the thermodynamics and kinetics of phase transformations and 

diffusion, namely Thermo-Calc and JMatPro, have been combined with the 

interdendritic segregation tool (IDS) to optimize the contents of chromium, 

molybdenum and niobium in a medium-carbon low-manganese steel composition. 

The optimization procedure resulted in the following bulk chemical composition 

(in wt.%): 0.40 C, 0.20 Si, 0.25 Mn, 0.90 Cr, 0.50 Mo, 0.012 Nb.  The major 

conclusions are the following:  

– The applied composition design methodology and experimental results 

demonstrate how desired properties in a new steel composition can be reached 

using combinations of different thermokinetic computational software 

packages.  

– Confirmation experiments verified the accuracy of input variables, like 

dendrite arm spacing and austenite grain size, and confirmed the reliability of 

the computational calculations. Heat treated samples showed that the suggested 

optimum composition met the predicted hardness and hardenability properties. 

In the case of an austenite grain size of ASTM 8, the composition was fully 

hardened with the cooling rate of 45 °C/s as predicted. A final bulk hardness of 

628 2 HV was achieved where the predicted value was 626 HV. 

– Regarding Nb microsegregation profiles, the predictions of the interdendritic 

solidification tool (IDS) were in close agreement with measurements on as-
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cast material. However, the IDS predictions underestimated the refining effect 

of Nb on the as-cast austenite grain size.  

– In addition to its effect on prior austenite grain size, the microaddition of Nb 

refined the effective grain size of the as-cast bainitic–martensitic 

microstructure, which is expected to have beneficial consequences regarding 

the susceptibility of cast slabs to brittle fracture during reheating prior to hot 

rolling. 

5.2 Characterization of the effect of Nb on the grain refinement and 

texture strengthening 

A combination of X-ray diffraction and FESEM equipped with EBSD, followed by 

a STEM investigation have been employed to study the texture and microstructure 

of the designed composition with and without Nb microalloying that was 

thermomechanically rolled and direct-quenched to 560 °C and 420 °C with 

subsequent furnace cooling to room temperature. The following conclusions can be 

drawn:  

– The microstructure of samples with QST 560 mainly comprised various upper 

bainite morphologies, i.e. conventional upper bainite, plate-like bainite (PLB), 

granular bainite (GB) and degenerated upper bainite (DUB), whereas the 

microstructure of QST 420 samples were mostly lower plate-like bainite 

(LPLB) and lower lath-like bainite (LLLB).  

– An addition of 0.012 wt.% Nb refines the prior austenite grain size and the 

effective grain size of the final bainitic microstructures, i.e. the size of grains 

bounded by high-angle boundaries. The addition of Nb was particularly strong 

in making the effective grain size distribution more uniform by almost halving 

the size of the largest grains. The microstructural changes brought about by the 

addition of Nb are reflected in an increase in the hardness of the final 

microstructures.  

– Refinement of the prior austenite grain structure by Nb caused a sharper texture 

of the sample containing Nb compared to an identical steel but without Nb. 

This happened thanks to the presence of stronger texture components in parent 

austenite before transforming to the daughter bcc structure either upper/lower 

bainite. 

– The ODF of the alloys shows that the finish rolling temperature was low 

enough to sharpen the desired {332} 〈113〉   texture component, which is 
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expected to improve the isotropy of the mechanical properties. Moreover, 

macrotexture results show that the maximum intensity belonged to the 

transformed copper component. 

5.3 Designing the pipe induction hardening process considering the 

effect of heating and cooling rate in order to achieve the desired 

gradient of material properties through the pipe wall 

Physical and numerical simulations have been combined to predict the variation of 

microstructure and hardness expected through the wall thickness of a pipe 

induction hardened on the inner surface. One numerical simulation was used to 

calculate the thermal cycles experienced at various positions through the wall 

thickness and another to calculate the resultant microstructure and hardness through 

the wall thickness. Physical simulation utilizing a Gleeble simulator provided i) the 

CCT data needed to calibrate the phase transformation model considering the effect 

of heating and cooling rates, and ii) the actual microstructures and hardness levels 

expected at different depths below the inner surface on the basis of the numerically 

simulated thermal cycles. Good agreement was obtained between the hardness 

levels obtained through both numerical and physical simulation, giving confidence 

that the phase transformation modelling approach described in the paper can be 

used to optimize induction heating and cooling parameters to give desired hardness 

profiles through a pipe wall. Of course, a separate study might be required in order 

to verify the accuracy of the numerically simulated thermal profiles before the 

approach can be used with confidence to predict an actual pipe hardening process. 

Specific conclusions related to the designed bainitic steel used as the present base 

material are as follows: 

– For the studied medium carbon steel with an initial bainitic microstructure, the 

austenite grain size achieved during the induction heating is controlled by the 

competition between cementite dissolution, diffusive transformation of ferrite 

to austenite and the initiation of the massive transformation. At very high 

heating rates, the massive transformation results in the appearance of coarse 

austenite grains in a finer grained matrix. 

– An increase in the heating rate results in an increase in the start and finish 

temperatures of austenite formation, Ac1 and Ac3, respectively.  
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– During simulated induction hardening, different bainite morphologies in the 

starting microstructures, i.e. upper or lower bainite, only lead to slightly 

different final hardness levels and grain sizes. 

– The influence of heating rate on Ac3 was significantly more than it was on Ac1, 

such that the maximum difference between Ac3 and Ae3 was almost 2.5 times 

more than the difference between Ac1 and Ae1. 

– The austenite formation mechanism depends on the rate of heating and the 

initial microstructure, especially the size and chemistry of cementite.   

– The highest hardness value and finest parent austenite grain size are achieved 

under the following condition: heating rate of 50 °C/s, austenitization peak 

temperature of 850 °C and immediate cooling at 60 °C/s. 

– The finer prior austenite structure after quenching leads to a finer martensitic 

microstructure provided by a sufficient cooling rate to give a fully martensitic 

microstructure. 

– Cooling rates above 60 °C/s lead to a fully martensitic microstructure with a 

minimum hardness level of 630 HV. 

– The numerical phase transformation and hardness model shows reliable 

accuracy for the cooling rates above 10 °C/s. 

– Based on the regression fitting, the hardness value (HV) of the studied material 

for a mean prior austenite grain size of about 6–10 microns can be estimated 

as function of cooling rate (CR) based on the following exponential correlation: 

Hardness 233.69 398.49 1 𝑒𝑥𝑝 0.087𝐶  

– The designed thermal cycles of the induction hardening produced a gradient of 

material properties, giving a hardening depth of about 3 mm in a 10 mm thick 

400 mm diameter pipe.  

– The developed models can be used to optimize through-thickness hardness or 

microstructure gradients depending on the pipe application and practical 

industrial considerations.     
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6 Novel features 

It is believed that the following features are new to this thesis.  

– The review of the most important aspects of slurry erosion including the 

principal differences between the main test rigs used and the equations 

developed for predicting slurry erosion. 

– The design of the new steel composition on the basis of computational 

calculations using the combination of several software packages–JmatPro, 

Thermo-Calc, DICTRA, and IDS–to study the different metallurgical aspects. 

– The study of the austenite formation mechanism during re-austenitization 

based on the grain size distribution and thermodynamic calculations. 

– The design of the induction hardening parameters for an industrial-sized pipe 

based on the desired microstructure and hardness gradients. 

– The comprehensive microstructural investigations identifying the 

microstructural components after hot rolling and also after hardening. 

– The investigation on the effect of a wide range of heating rates from 1 to 

500 °C/s on prior austenite grain size and hardness.  

– The analysis of the different models available for prediction of the as-quenched 

hardness and the development of a simple correlation for estimation of the 

hardness of the designed composition on the basis of the cooling rate. 

– A demonstration of the austenite to ferrite texture transformation during hot 

rolling and subsequent quenching based on the texture components identified 

for the fcc and bcc phases. 

– The thermodynamic and kinetic analysis of bainitic cementite dissolution 

during re-austenitization. 

– The application of Gleeble simulations to predict material properties on the 

basis of calculated thermal cycles for induction hardening. 
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7 Future studies 

The present work shows the main parameters which should be taken into account 

when designing a new steel composition for applications requiring wear resistance, 

especially in the case of a slurry transportation pipeline. Moreover, the different 

aspects of material properties during the various steps of pipeline production such 

as hot rolling and induction hardening have been studied widely. Therefore, the 

following would be the key points for future studies: 

– Investigation of the slurry erosion behaviour of the designed composition after 

both conventional hardening and induction hardening.  

– A study of the role of prior austenite grain size on the rate of slurry erosion 

after different heating rates but the same cooling process. 

– A study of the fracture toughness and impact toughness of studied steel by 

simulating the thermal cycles of the different thickness layers. 

– Evaluation of residual stresses in the pipe after induction hardening. 

– A study of the bending and cold-forming behaviour of both the initial steel 

microstructures, i.e. the upper and lower bainite in the as-rolled and cooled 

strip. 

– Improving the developed CCT model by adding the effect of parent austenite 

grain size and the influence of carbon redistribution, especially for the two-

phase region between Ac1 and Ac3. 

– The graphical simulation of the final microstructure at different depths in the 

pipe wall for different parent austenite grain sizes and cooling rates. 

– Development of welding procedures for both the high-frequency welding of 

the cold-formed pipe and the pipeline installation in the field. 

– Study different thermomechanical schedules and their influence on the 

formability of the studied material. 

– Study on the role of prior austenite grain size on the martensite start 

temperature and morphology in the studied material (medium-carbon steel 

family). 
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