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Abstract
The successive evolution of martensitic transformation, twining and dislocation substructure
formation in a transformation-twinning induced plasticity steel during room temperature
straining was studied in the present work. This was materialized through microstructural
observations and micro-texture examinations utilizing the electron backscattered diffraction
method. To evaluate the strain hardening behaviour of the thermomechanically processed steel,
tensile testing procedure to different strains at ambient temperature was practiced. The results
indicated that the dislocation slip, mechanical twinning, and deformation induced ɛ/α'-martensite
formation were involved as the deformation mechanisms. At the early stages of deformation, the
dynamic formation of dislocation substructure, strain induced ɛ-martensite and twins from
austenite played the main role in the observed work hardening behavior. Furthermore, the results
demonstrated that the formation of α'-martensite was the dominant deformation mechanism at
higher deformation levels. The corresponding texture analysis indicated to a double fibre texture
formation, with a relatively stronger <111> at lower strains and a stronger <100> partial fibre
parallel to tensile axis at higher strains. However, in the latter, the Cube, A and Goss Twin (GT)type textures were dominated. Decreasing of the Goss and S components were attributed to the
preferential transformation of austenite to α'- and ɛ-martensites, respectively. The presence of GT
component even at higher strains approved the participation of deformation induced twinning as
a dominant deformation mechanism up to failure.
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1. Introduction
The strategy of enhancing the mechanical properties of any steel is strongly dependent upon
its composition. For instance, during plastic deformation of metastable austenite, this phase,
depending upon its composition thereby its stacking fault energy, may decompose partially into
either ɛ- and/or α'-martensite in the so-called TRIP (TRansformation Induced Plasticity) and/or
exhibit TWIP (TWinning Induced Plasticity) effects. These are competing deformation
mechanisms and would markedly increase the strain hardening rate, strength and ductility [1-4].
In fact, the strain induced martensite formation and the mechanical twinning are kicked off to
accommodate the undertaken additional strain. Furthermore, the stacking fault energy (SFE)
dictate the ease of dislocation cross slip thereby allowing different deformation mechanisms to
be activated at different stages of deformation [3,4]. Decreasing the SFE may lead to the larger
stacking fault regions and this in turn would make the dislocation cross slip becoming more
difficult. The latter is believed to favour the mechanical twinning during straining. In fact, those
steels holding low to moderate SFE tend to form extended stacking faults, deformation twins and
planar dislocation structures [4]. These different lattice defects strongly influence the steel flow
behaviour and the evolution of texture during cold working. In addition, the transformation of
austenite into martensite can be induced by plastic deformation in these steels [5–7]. During cold
deformation, the austenite phase may partially transform to α'-martensite and the remaining
austenite would be deformed by slip or deformation twinning [8]. It has been reported that the
aforementioned stacking fault based microstructural evolutions may be simultaneously activated
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to play important roles during deformation if the SFE would be valuated between 15 and 20
mJ/m2 [9].
As is well established, the deformation twinning can be considered as a nucleation and
growth process [10]. Twin growth is expected to advance by co-operative movement of Shockley
partials on subsequent {111} planes. The possible mechanisms to furnish this co-operative
movement are the pole mechanism [11], a cross slip mechanism [12] or the interaction between
primary and secondary slip systems [5]. Alternatively, nucleation of deformation twins contains
the formation of required dislocation structures for the further twin growth [13,14]. Dislocation
slip is therefore a prerequisite for twin formation.
Variant selection and strain accommodation are the two main mechanisms for TRIP
effect [15,16]. Strain accommodation mechanism means that load transfer can be occurred from
strain induced martensite which is harder than the austenite matrix. Variant selection is the main
strain accommodation mechanism during deformation of full austenitic high Mn steels. In these
steels, martensitic transformation can be influenced by the initial texture of austenite. Kireeva
and Chumlyakov found the relationship between the austenite texture and the kinetics of
martensitic transformation. They also showed that high amounts of ductility in TRIP steels can
be attributed to the interactions between twinning, martensitic transformation and shear banding
[17]. According to their texture studies [17], the <110> orientations in austenite were not suitable
orientations for getting the highest elongations during tensile testing. In other studies, researchers
[18,19] observed that grains with <111> parallel to the rolling orientations have much more
potential for strain induced transformations in comparison with the <100> directions in cold
rolled stainless steels. Based on these results, they quantified the martensitic transformation
potential and therefore, the significance of austenite texture was revealed. Zhang et al. [20]
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showed that martensite can be formed in grains with Cube and Goss orientation during tensile
testing. Despite the valuable researches which have done recently on the influence of texture on
the extent and the kinetics of martensitic transformation, the theoretical predictions are not
always in agreement with the experimental results. The presence of ɛ-martensite phase and
deformation twins also further complicates the situation. Based on the matters above, the
orientation dependence of the martensitic transformation in polycrystalline austenite, where two
types of martensite and deformation twins may present, is not so clear and requires further
detailed studies.
The texture evolutions in FCC materials are well established based on SFE. In high and
medium SFE materials, the Cu-type texture comprising the Cu, S and Brass components can be
formed during cold deformation. Whereas, the α-brass type texture comprising predominantly
the Brass and Goss components would be the main texture of the low SFE materials such as high
Mn austenitic steels during room temperature deformation [42,43].
In the present investigation, a TRIP-TWIP steel composing of Fe-21Mn-1.6Al-2.5Si0.1C was considered. In this steel, the formation of ɛ- and α'-martensite and twinning during
deformation have been already reported (SFE ~ 18 mJ/m2 [22]). It has frequently been observed
that hexagonal ɛ and twinning act as an intermediate stage in the transformation from austenite to
BCC α'-martensite [22]. This was reasoned based on the fact that the formation and evolution of
ɛ and mechanical twins were dictated by similar mechanisms [20]. It is worth noting that the α'martensite formation may also be strongly influenced by the steel SFE [23].
One important aspect of TRIP steels that has not been considered in details, is the role of
crystal orientation or texture. The latter is expected to influence the stimulation of deformation
induced martensite formation as well as the state of produced martensite phase. Some limited
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results on the effect of textures in rolled alloys have been presented by Bracke et al. [24] and by
Li et al. [25]. The occurrence of mechanical twinning in certain FCC alloys is well believed to be
intimately associated with certain texture components [27,28]. It may be expected that some
similar behaviour would take place in steels where ɛ- and α'-martensite formed simultaneously
with mechanical twinning during deformation. These are some of the important issues which
were initially considered to investigate in the present work.
As is well established [15], the uniaxial tensile deformation of FCC materials may result
in the development of a <111> and <100> double fibre texture parallel to the loading axis. The
relative volume fraction of the two fibres is generally dependent on the value of the material’s
SFE. Following to English and Chin [28], for intermediate to low SFE materials, the volume
fraction of the <100> fibre is believed to be gradually increased by lowering the SFE values. The
increase in the fraction of the <100> fibre is thought to be associated with a volume effect of
deformation twinning wherein the <111> orientations can be reoriented by twinning to the
intermediate <115> orientation. The <115> orientations subsequently may be rotated by slip
towards the <100> orientation [29]. However, Stout et al. [30] argued that the increase in the
fraction of the <100> fibre was probably due to the presence of a strong initial texture.
Considering all above, the present work was conducted to clarify the effects of parent
austenite initial texture on the sequential formation of deformation twins and martensitic
transformations as well as their effects on the rate of steel strain hardening and the involved
deformation mechanisms. In addition, the effects of martensitic transformations, deformation
twins and dislocation substructures evolutions on the texture development during tension are also
discussed.
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2. Experimental procedure
The chemical composition of experimented TRIP-TWIP steel in this study was certified
as Fe-21Mn-1.6Al-2.5Si-0.1C. The experimental steel was received in as-cast condition. The ascast material was first homogenized at 1180˚C for 8 hours under a protective atmosphere. This
was followed by rolling to total strain of 1.5 through 5 passes with the start and finishing
temperatures of 1200/1000°C as the first cycle of thermomechanical processing (TMP) to break
the dendritic structure of casting material. This was followed by instant quenching the
thermomechanically processed (TMPed 1) material in water. Then the TMPed 1 workpieces
were purposefully subjected to the second TMP cycle. This comprised of rolling the TMPed 1
workpieces down to the 30% thickness reduction at 1100˚C through 1 pass followed by cooling
them in the air. The hot rolled microstructure after the second TMP cycle (TMPed 2 sheets)
consisted of a fully metastable austenite phase holding an average grain size of 23

7 μm.

To evaluate the effects of initial state of austenite (e.g., grain size and texture) on the
deformation behaviour of the experimental steel, tensile tests were carried out at room
temperature under initial strain rate of 0.001 s-1 up to fracture. In addition, a set of interrupted
tensile tests to logarithmic strains of ɛ= 0.15, 0.25, 0.35 and 0.4 were performed to study the
microstructural evolution as a function of strain. The tensile specimens were cut based on ASTM
E8M standard [31] along the rolling direction (RD) from TMPed 2 sheets.
The microstructures of TMPed 2 TRIP-TWIP experimental steel after tensile deformation
were examined by electron backscatter diffraction (EBSD) analysing method. The EBSD
technique was used to analyse the local crystallographic texture together with martensitic
transformations, deformation twining and dislocation substructure. For the EBSD examinations,
the specimen surfaces were first polished with a diamond suspension down to 1 m and then
6

chemically polished using a 0.05 m colloidal silica suspension. The EBSD measurements and
analyses were performed using the EDAX-OIM acquisition and analysis software. The FESEM
(Σigma, Zeiss) for the EBSD measurements was carried out at 15 kV with a step size of 0.50 μm.
3. Results
3.1. Strain hardening
The uniaxial tensile flow behaviour of the studied TMPed 2 TRIP-TWIP steel under
initial strain rate of 0.001s-1 is illustrated in Fig. 1a. The material exhibits excellent
mechanical properties, comprising high strength (ultimate tensile strength of 1.2 GPa) and
desired ductility (elongation to failure of 50%). The marks on the curve indicate the
corresponding points of interrupted tests at different strains.
As is seen in Fig. 1b, the variation of strain hardening rate with logarithmic strain follows
four different stages. These will be described in the subsequent section. The main features in
Fig. 1b are as follows: (i) the observed remarkable high overall strain hardening rate, and (ii)
the fact that the curve reveals a minimum at intermediate strains (0.18-0.25). This hardening
stage is followed by a high strain hardening rate at higher deformations. Typically, the
structural metallic alloys reveal a monotonous decay of the strain hardening rate as a function
of strain. However, as was seen, the present TWIP-TRIP steel exhibits four different
deformation stages.
3.2. Microstructural evolution upon deformation
3.2.1. Martensitic transformations
The evolution of the martensitic transformations in tensile tested specimens were
investigated by EBSD at four deformation stages corresponding to interrupted strain levels of
7

0.15, 0.25, 0.35 and 0.4. The qualitative information on the evolution of phases were
generated through EBSD examinations and are shown in Fig. 2. In its initial hot rolled state
(TMPed 2 condition) the material represented a fully austenitic structure, but this was not
remained stable during deformation at room temperature. The ɛ- and α'-martensites were
detected by EBSD in the microstructures of the tensile deformed specimens. Fig. 2 also
illustrates the phase and third nearest-neighbour kernel average misorientation (KAM) maps
of the specimens with different interrupted strain levels. The corresponding phase fractions
are summarized in Table 1. By increasing the tensile strain from 0 to 15%, the fraction of ɛand α'-martensites were increased from 0 to 17% and 3%, respectively (Fig. 2a and b). In
addition, as are seen in the corresponding KAM maps (Fig. 2f and 2g), the KAM values were
increased throughout the early uniform deformation regime, preferentially at the vicinity of
internal interfaces and adjacent to the austenite phase regions. This, in line with the previous
findings [25], suggests that the plastic strain and the lattice rotation were constructively
accommodated inside the austenite. This trend of phase fractions behaviour is maintained
upon further tensile deformation to 25%. In the latter stage, the average fraction of ɛ- and α'martensites were reached to 27% and 7%, respectively (Fig. 2c and Table 1). The
corresponding KAM maps reveal an increase in average misorientation throughout the
microstructure; this suggests that a larger portion of the microstructure has contributed in
accommodating the plastic deformation (Fig. 2h).
By further increasing the interruption tensile strain level from 25% to 35%, the average
fraction of ɛ- and α'-martensites were increased to 36% and 21%, respectively (Fig. 2d and
Table 1). The KAM map in Fig. 2i shows negligible increase in misorientation, with only a few
regions holding a relatively low KAM value in the map.
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At 40% tensile strain, almost 30% of FCC phase has been retained and the amount of ɛmartensite is decreased to 25%, whereas the value of α'-martensite is raised to 45% (Fig. 2e and
Table 1). As is seen in Fig. 2j, the KAM values have not undergone significant changes and a
large portion of the microstructure contributed in accommodating the applied plastic strain.
3.2.2. Twin and dislocation substructure
The image quality (IQ), band contrast (BC) and the grain boundary (GB) maps were
considered to track any microstructural evolutions in tensile deformed specimens (Fig. 3). The
initial microstructure is characterized by an equiaxed grain type structure (where the twin
boundaries are not considered, Fig. 3a). At 15% logarithmic strain level (Fig. 3b), striations in
the form of parallel and intersected packets are evolved. These striations are nucleated mostly at
the grain boundaries and are being bridged within the grains. By increasing the strain, the
volume fraction of high angle grain boundaries is monotonically increased. A high fraction of
deformation twin boundaries is seen in the tensile deformed specimens (Fig. 4). As is observed
in Fig. 4a, most of the deformation bands are detected as deformation twin boundaries.
Furthermore, The density of high angle twin boundaries appears to be progressively reduced by
increasing the tensile strain. These twin boundaries locally present either as primary twins or as
intersecting secondary ones. By further straining, the density of deformation twins seems to be
decreased. The black lines in the Fig. 4 are undetected areas, thereby not being considered as
twin boundaries. This is attributed to the rotation of twin boundaries due to straining.
Accordingly, all the twin boundaries in the highly strained microstructures cannot be detected
through EBSD analysis. It is worth mentioning that the higher frequency of low and moderate
angle grain boundaries, which are seen in Fig. 3a and Fig. 5a, is related to the restoration

9

processes during the applied TMP. The restoration processes appear to be preferentially taken
place in grains with orientations close to <111> and <001> (Fig. 6, please see section 3.3)
The variation of misorientation angle distribution with tensile strain is shown in Fig. 5. The high
fraction of deformation twins returns to the peaks at about 55˚-62˚ of the misorientation
distribution histogram (Fig. 5). By applying tensile strain and in conjunction with the formation
of high angle grain boundaries (Fig. 3b-e), the area fraction of low and moderate angle grain
boundaries is decreased and being remained almost constant by increasing the tensile strain, with
a decrease in twin boundaries (Fig. 4a-d). Reducing the twin boundaries population by
increasing the tensile strain can be attributed to the undergoing martensitic transformation such
that the twin/matrix misorientation relationship is progressively weakened as a result of
increasing the necessitated local lattice rotations for maintaining the strain compatibility [33].
The deviation from the exact 60˚<111> relationship is increased by intensifying the tensile strain
up to the point that it exceeds the employed tolerance limit of 6˚ (following the Palumbo-Aust
criterion). Hence, such boundaries are no longer identified as twin boundaries but are rather
recognized as regular high angle grain boundaries [32].
3.3. Texture evolution
Fig. 6 shows the texture evolution of the TRIP-TWIP steel during tensile deformation. The
initial microstructure (TMPed 2 one) reveals a strong texture (Fig. 6a). The evolution of
texture in terms of TA-IPFs of the experimental TMPed 2 steel deformed to 0.15, 0.25, 0.35
and 0.4 logarithmic strains are given in Fig. 6b-e, respectively. As is seen, the texture is
being slightly sharpened during tensile deformation. After tensile testing, the texture is
characterized by two strong components, namely <111>/TA and <001>/TA, which both are
remained stable and slightly sharpened during further straining. Nonetheless at lower strains,
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the dominating texture is being <111>/TA component. By further straining, the intensity of
<001>/TA component is increased through consuming the components between <111> and
<001>.
The evolutions of macro-texture components in the bulk experimental by increasing the
tensile strain are given in Fig. 7. The ideal texture components of FCC materials and Schmidt
factors (calculated for some of texture components) are shown schematically for φ2= 0˚, 45˚
and 65˚ ODF sections in Fig. 8 and Table 2.
The occurrence of partial recrystallization after hot rolling (TMPed 2 material) is
characterized by a strong texture holding a maximum intensity of 17.75 (Fig. 7a). As is
generally typical in FCC materials, the applied uniaxial tension has resulted in developing of
the characteristic <111> and <001> double fibre texture parallel to the loading axis. At 25%
tensile strain the maximum intensity lies on the <111> fibre in comparison with <001> fibre
and then again it is continued as it was in the past (Fig. 7b-e). As is seen in Fig. 7a, the
starting texture comprises of a rotated Cu (Rt-Cu) as the main component and a relatively
weak Goss component. Both of these components are carried over from the applied TMP 2
hot rolling cycle.
By increasing the tensile strain to 15%, a pronounced increase in the intensity of the Goss
and S components and a slight increase in G/B, Brass and GT (Goss Twin) is seen; this is
associated with a concurrent disappearing of the Rt-Cu component (Fig. 7b). The GT and S
components are the main texture components of the 25% tensile strain as a result of decrease
in Goss component intensity; this is clearly seen in Fig. 7c. A slight amount of A component
is also seen in this strain level. As is illustrated in Fig. 7d, by increasing the tensile strain up
to 35%, the Cube component with maximum intensity of 20.71 is appeared. The Goss and A
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components are being increased a bit and GT and S components are being decreased
gradually. Finally, at 40% tensile strain, the Cube component is completely disappeared and
the Goss, G/B, A and GT components are increased with a maximum intensity of 12.41 (Fig.
7e). It should be noted that the Cu and A components are associated with <111> fibre, while
the Cube and Goss components are connected with <001> fibre.
4.

Discussion

4.1. Deformation texture
The hot rolled starting material (as TMPed 2 material) consisted of a strong texture in which
the Rt-Cu component showed the highest intensity and a small fraction of Goss component was
also recognized. This is attributed to the occurrence of partial recrystallization through the
applied TMP 2. As is seen in Fig. 2f, the dislocation density appears to be high after hot
deformation. The presence of high volume fraction of low angle grain boundaries (Fig. 3a)
indicates that the dynamic/static recovery should also be considered as one of the main
restoration mechanisms through TMP 2 scheme. The Rt-Cu component is disappeared in the
ODF after increasing the tensile strain to 0.15 and replaced by strong Goss and G/B, and weak
Goss Twin (GT) and S components. During straining to 0.25, to increase the GT and S
components, the texture appears to be developed by deformation twinning and austenite to ɛmartensite transformation (Fig. 7c). By further straining, the GT and S components are gradually
decreased while the Cube component is becoming stronger. This gradual transition is
accompanied by steady increase of α'-martensite volume fraction and higher kinetics of γ→ɛ→α'
transformation. Decreasing the volume fraction of austenite and increasing the amount of
martensite appear to highly influence the austenite texture. By further deformation from 0.35 to
0.4 logarithmic strain, another transition from Cube component to strong G/B, GT and A12

components is realized. The Goss and G/B components of the matrix are not favourable for the
transformation. The presence of these components can be attributed to dislocation slip and
deformation twinning [24]. The GT component also shows the activation of deformation
twinning and its presence even at higher strains confirms the activated TWIP effects at higher
strains. The S component carries favourable orientation for the ɛ-martensite formation in plane
strain rolling, having the same deformation elements as for mechanical twinning. As is well
established any changes in the intensity of S component is in agreement with austenite to ɛmartensite transformation [2]. According to the present results, the transition of GT and S
components into Cube component could lead to an activated TRIP effect. The latter is attributed
to the prolonged sequential transformation of γ→ɛ→α', known as “extended TRIPping effects”.
Nezakat et al. [33] showed that the Cube orientation could facilitate the martensite formation
with (116)[1 ̅ 0] orientation. Therefore, it is concluded that the formation of strain-induced
martensite can affect the texture of austenite.
The data presented in this paper approve the dominant transformation is being done in
<100> austenite grains (Fig. 6) during TRIP process. Based on the data presented in section 3, at
strains of 25-35% the formation of α'-martensite and its volume fraction were stimulated in
austenite with orientations towards <100> due to the appearance of Cube texture component. As
is seen, the intensity of <100> orientations are weakened at initial stages of deformation and is
transferred toward <111> orientations through deformation to 25% logarithmic strain. By
increasing the strain, the intensity of <100> orientations along with α'-martensite volume fraction
were boosted up. Thus a <100> transformation texture would be existed and should contribute to
the strain hardening behaviour. Moreover, increasing the intensity of A component at interrupted
strain of 0.4 is also attributed to the formation of α'-martensite with another variant; this is
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different from the α'-martensite that forms in Cube orientation. In Table 2 the Schmidt factors of
some texture components are tabulated. Almost all the texture components possess higher
Schmidt factors for twinning than that for dislocation slip. But, the Cube component carries a
higher Schmidt factor for dislocation slip. Therefore, the appearance of Cube component can be
attributed to the formation of significant amounts of α'-martensite. This is due to the fact that the
austenite to martensite transformation would need significant slip of partial dislocations.
4.2. Deformation mechanisms
SFE is the main parameter that can affect the dominant plasticity mechanisms in metals
and alloys. In a previous research [22] it was suggested that both TRIP and TWIP effects can
occur in steels holding 12 mJ/m2 < SFE< 20 mJ/m2. In the present study, the deformation
mechanisms were found to be dislocation slip, mechanical twinning and deformation induced ɛand α'-martensite.
The present results show that the formation of ɛ-martensite from austenite was continued
even up to higher amount of applied strains. But the two-steps (sequential) transformation of
γ→ɛ and ɛ→α' (i.e. extended TRIPing), is the dominant deformation mechanism at moderate and
high strains levels, in the course of present experimental conditions. To better clarify this, as is
well-known, the α'-martensite may nucleate at the intersections of deformation bands that can be
composed by ɛ-martensite and twins in metastable austenitic steels [34, 36]. The growth of α'martensite may occur by the nucleation and coalescence of new α'-martensite nuclei repeatedly
[35]. Despite the general idea that α'-martensite may form just in low SFE steels [9], however
van Tol et al. [37] reported small fractions of α'-martensite (<1.2%) in a TWIP steel during deep
drawing by SFE of 50 mJ/m2. It can be expected that ɛ-martensite is the main precursor for the
γ→α' transformation in this case [2]. As SFE decreases, the overlapping of stacking faults
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becomes more regular, and the nucleation of the α'-martensite becomes easier [38]. Hence, the
present results approve that, where the ɛ-martensite accommodates more strain energy (Fig. 2f-j),
the α'-martensite formation carries a significant share as deformation mechanism.
The present results indicate that the dislocation slip dominates at lower strains and also
continues to play parts up to higher strains. Twinning is also identified as a deformation
mechanism in this alloy. Mechanical twining was observed up to the strain of 0.15 after which its
contribution was slightly dropped, but could keep its small share as deformation mechanism up
to higher strains (Fig. 4). There are two possible explanations for this. At first, at the strains
higher than 0.15, the twins might be submerged by the larger quantities of ɛ-martensite thus
could not be detected by EBSD. Secondly, the distortion of austenite could cause such crystal
rotations that the twin relationship across their boundaries would be lost [32]. However, the
present EBSD images have provided some evidences of deformation twinning at the strain of 0.4
(Fig. 4d).
Based on the EBSD results (Fig. 2b and 4a), beyond 15% tensile strain, the
transformation of γ→ɛ and deformation twinning are the dominating deformation mechanisms.
The ɛ-martensite and twins form to accommodate excess strain from external loading. While an
nuclei of ε-martensite forms by an intrinsic stacking fault on every second {111} planes [39], a
twin embryo forms by overlapping three stacking faults on successive planes. Then, these
mechanisms can occur simultaneously. The KAM map (Fig. 2g) also shows that in this
deformation level (beyond 15% logarithmic strain), most of the strain is accommodated by
austenite phase. The presence of high volume fraction of low angle grain boundaries also
approves that the planar dislocation slip is occurred at this level of deformation (Fig. 3b). Then,
the planar slip of dislocations is another important deformation mechanism in this strain level.
15

By increasing the tensile strain to 25%, the austenite continues to transform to ɛ-martensite and
the deformation twins are increased. Although the interactions of ε-martensite and twins with the
austenitic phase may differ, but based on Olson et al. results [40], their mechanisms of formation
and evolution are in fact similar. By further deformation, the volume fraction of α'-martensite is
significantly increased and it appears that two step transformation of γ→ɛ and ɛ→α' (extended
TRIPing) is the dominant deformation mechanism in this stage (Fig. 2d and e).
4.3. Evolution of martensite, dislocation and twin substructure
The strain accommodation in austenite may be carried out by dislocation slip, ɛmartensite and deformation twins. An ɛ embryo forms by the stacking of single 1/6<112>
partials dissociated from ½<110>{111} perfect dislocations. Therefore, the strain accommodated
by ɛ-martensite is a fraction of the strain accommodated by dislocations, because the strain
energy of a Shockley partial is 2/3 of a perfect dislocation energy [41]. Contribution of
dislocations to strain accommodation is decreased by increasing the amounts of the twins and ɛmartensite, promoting the TWIP and TRIP effects respectively, as are shown in Figs. 2 and 4.
According to Figs. 2 and 3, the TRIP effect in dislocation hardening is directly influenced by the
ɛ-martensite; α'-martensite affects the hardening response by replacing the deformation bands
and by accommodating additional strain.
Gutierrez-Urrutia et al. [29] showed that just the grains with either a highly favourable or
unfavourable for twinning follow the Schmidt behaviour. These grains match up to crystals
oriented nearby the <111> and <001> directions, respectively. This indicates that in the present
twin substructure, only grains with <111> and <001> orientations follow the Schmidt’s
behaviour (Table 2). The rest of crystals which their orientations are between <111> and <001>
do not accomplish Schmidt’s law under loading. Figs. 2 and 6 also show that in the present steel,
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the local stress concentrations at grain boundaries, like those caused by the impingement of
deformation twins formed in a neighbouring grain on a grain boundary, can promote twinning in
unfavourably oriented grains. These stresses can be high enough to activate the twin system with
the highest Schmidt factor. The growth of the mechanical twins on secondary twin systems may
be hindered by the developed twin substructure due to the high stress required to form a
secondary twin substructure during tensile deformation [29]. As a result, only primary
deformation twins are activated causing a lamellar twin structure.
4.4. Strain partitioning upon deformation
At the early stages of uniform deformation (e.g. logarithmic strain of 15%), the regions
with or adjacent to the austenite phase may exhibit higher KAM values (Fig. 2g), whereas HCP ɛ
phase regions show less notable KAM values. Since the KAM value is associated with the
density of geometrically necessary dislocations (GNDs) in the detected region [25], the higher
KAM values of the austenite regions suggest a higher density of GNDs and more plastic strains
in these zones. The above findings suggest that the plastic strain at this deformation stage was
primarily accommodated by the FCC austenite phase. In addition, the EBSD analysis reveals that
the strain induced transformation from FCC austenite to HCP ɛ phase and deformation twinning
act as the primary deformation mechanism (Fig. 2 and Table 1).
By increasing the strain (e.g. logarithmic strains of 25% and 35%), the strain driven
transformation from austenite to ɛ-martensite is replaced by a two-step transformation of
γ→ɛ→α' and the latter remains a prevalent deformation mechanism (Fig. 2c and d). The
deformation induced twinning inside the austenite is also an important deformation mechanism
during these loading stages (Fig. 4b and c) and contributes to the strain hardening of the alloy.
The dislocations slip inside the austenite, were also observed during the whole uniform
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deformation stages as revealed by EBSD (Fig. 3). These observations suggest that the
deformation mechanisms in austenite played an important role in the plastic deformation and
inter-phase strain accommodation of the alloy at the later uniform deformation stages. In terms
of strain partitioning behaviour at medium and late uniform deformation stages, not only the
austenite phase regions have higher KAM value, but most HCP and BCC phase regions also
exhibit higher KAM values compared to the early uniform deformation stages (Fig. 2f-i). This
observation suggests that not only the austenite phase partitions the plastic strain but the ɛ and α'
phase also accommodate a certain part of the applied strain at these stages via the multiple
deformation mechanisms discussed above.
After more straining (e.g. at a local strain of 40%), the two-steps phase transformation
proceeded further, leading to a relatively small fraction of retained austenite phase (Fig. 2e). It is
observed that the martensitic phases are capable of accommodating further plastic straining also
at higher strain levels (Fig. 2j). Moreover, multiple deformation mechanisms within and/or at the
retained austenite may contribute to strain accommodation even at higher strain levels.
5.

Conclusion

A comprehensive study was conducted on the evolution of martensitic transformations, twinning,
dislocation slip and texture evolution in a high Mn austenitic TRIP-TWIP steel. Deformation
mechanisms and strain partitioning behaviour in this austenitic TRIP-TWIP steel during room
temperature tensile deformation were examined in detail. Accordingly, the following conclusions
can be drawn:


Martensitic transformations, deformation twinning and planar slip generated a direct
effect on the deformation texture of the austenite. Martensitic transformations resulted in
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Cube, A and S component textures in austenite. Deformation twinning and dislocation
slip could form mainly GT, G/B and Goss textures in the deformed austenite after tensile
testing.


Dislocation slip was realized as the deformation mechanism at all stages of deformation
of austenite. Twinning and ɛ-martensite formation played the dominant role at early
stages of deformation, while the α'-martensite formation was the most important
mechanism by affecting the strain hardening at higher levels of deformation.



The present TRIP-TWIP steel recorded the development of double fibre texture which is
characteristic of FCC materials. A relatively stronger <111> at early stages of
deformation and the strengthening of <100> fibre through straining were noted parallel to
the tensile axis.



The experimented TRIP-TWIP steel exhibited a dynamic strain partitioning behaviour.
At early stages of deformation, the plastic strain was accommodated primarily by the
softer and less confined austenite matrix. At later stages of deformation, the martensitic
phases partitioned a certain portion of the imposed load. The plastic strains were
differently distributed in the austenite, α'- and ɛ-martensite phases. A higher portion of
strains was mainly distributed in the softer ɛ-martensite, resulting in higher KAM value
regions in the ɛ-martensite during EBSD measurement. The thicker ɛ-martensite could
quickly induce α'-martensite due to a smaller strain accumulation caused by the harder α'martensite during transformation.
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Fig. 1. (a) The true stress vs. Logarithmic strain curve, and (b) the strain hardening rate behavior
of the experimented TMPed 2 TRIP-TWIP steel.
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Fig. 2. (a-e) The EBSD phase images, and (f-j) the KAM maps of TMPed 2 material further to
applying tensile deformations to interrupted strain levels of 0, 15%, 25%, 35% and 40%,
respectively. In the phase maps, the red color refers to austenite, yellow and green refers to ɛ and
α'-martensite, respectively.
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(e)

Fig. 3. The IQ+GB maps at tensile strains of (a) 0%, (b) 15%, (c) 25%, (d) 35% and (e) 40%.
Low angle grain boundaries (between 2-5 degrees) are shown in red, moderate angle grain
boundaries (between 5-15 degrees) in green and high angle grain boundaries (more than 15
degrees) in blue.
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Fig. 4. The IQ map superimposed by twin boundary map of the tensile strained specimens to
logarithmic strain of (a) 0.15, (b) 0.25, (c) 0.35 and (d) 0.4.
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Fig. 5. The change in misorientation angle distribution in the specimens deformed up to the
tensile strains of: (a) 0%, (b) 15%, (c) 25%, (d) 0.35 and (e) 0.4.
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Fig. 6. The IPFs along the TA direction in the specimens holding different states: (a) as hot
rolled (TMPed 2 material), and tensile deformed to (b) 0.15, (c) 0.25, (d) 0.35 and (e) 0.4
logarithmic strain.
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Fig. 7. The ODF sections (Φ2= 0˚, 45˚ and 65˚)of the bulk experimental material macro-texture
at interrupted tensile strains of (a) 0%, (b) 15%, (c) 25%, (d) 35%, (e) 40%.

Fig. 8. A schematic representation of the important texture components in FCC materials [33].

Table 1. Area fraction of austenite, ɛ-martensite and α'-martensite from EBSD analysis at
different strain levels.
Strain
0
0.15
0.25
0.35
0.4

ɛ-martensite (%)
0
17
27
36
25

Austenite (%)
100
80
66
43
30

32

α'-martensite (%)
0
3
7
21
45

Table 2. Euler angles and Miller indices for common texture components in f.c.c metals and
alloys [33].
Texture
components

Symbol

{hkl}<uvw>

Euler angles

Fiber

Cube (C)

{001}<100>

45/0/45

-

Goss (G)

{110}<001>

90/90/45

α/τ

G/B

{110}<115>

74/90/45

α

Brass (B)

{110}<112>

55/90/45

α/β

A

{110}<111>

35/90/45

α

Rotated Goss (RtG)

{011}<011>

0/90/45

α

Rotated Cube (RtC)

{001}<110>

90/0/45

τ

Goss Twin (GT)

{113}<332>

90/25/45

τ

Copper (Cu)

{112}<111>

90/35/45

τ/β

Copper Twin (CuT)

{552}<115>

90/74/45

τ

S

{123}<634>

59/37/63

β

Rotated Copper
(Rt-Cu)

{112}<011>

0/35/45

-
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Schmidt’s factor
Slip
Twinning
0.41
0.24
0.41
0.47

0.41
0.47

0.41
0.47

0.4

0.4

0.46

0.47

F

{111}<112}

90/55/45

γ/τ

0.27

0.31

E

{111}<011>

60/55/45

γ

0.27

0.31

34

