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ABSTRACT 16 

The correlation between simulated weld heat-affected zone microstructures and toughness parameters has 17 
been investigated in four intermediate purity 21Cr ferritic stainless steels stabilized with titanium and 18 
niobium either separately or in combination. Extensive Charpy-V impact toughness testing was carried out 19 
followed by metallography including particle analysis using electron microscopy. The results confirmed that 20 
the grain size and the number density of particle clusters rich in titanium nitride and carbide with an 21 
equivalent circle diameter of 2 µm or more are statistically the most critical factors influencing the ductile-22 
to-brittle transition temperature. Other inclusions and particle clusters, as well as grain boundary precipitates 23 
are shown to be relatively harmless. Stabilization with niobium avoids large titanium-rich inclusions and also 24 
suppresses excessive grain growth in the heat-affected zone when reasonable heat inputs are used. Thus, in 25 
order to maximize the limited heat-affected zone impact toughness of 21Cr ferritic stainless steels containing 26 
380–450 mass ppm of interstitials, the stabilization should be either titanium-free or the levels of titanium 27 
and nitrogen should be moderated. 28 

I. INTRODUCTION 29 

Lately several stainless steel producers have introduced and standardized 20–24 pct by mass Cr ferritic 30 
stainless steel grades [1–5]. These cost-efficient high-Cr steels have similar corrosion resistance to the 31 
common AISI 304 and 316 austenitic stainless steels, and are not to be mixed with the 26–29Cr + Mo 32 
superferritic steels of the 1970s that have been used in more demanding corrosive environments. Typically 33 
these recently developed high-Cr ferritic grades have low Ni and Mo contents to ensure stable and 34 
predictable alloying costs as well as stabilizing elements Ti, Nb, etc. that trap interstitial C and N so that 35 
sensitization to intergranular corrosion is suppressed. 36 
 37 
Unlike austenitic steels, ferritic steels undergo a ductile to brittle transition in their fracture behavior. 38 
Therefore, replacement of austenitic grades with ferritic grades requires care to be taken in design to ensure 39 
that sufficient resistance to brittle fracture is maintained in the structures even after welding [6]. The total 40 
content of interstitial C and N is generally agreed to be the most critical factor for determining the toughness 41 
of fully ferritic stainless steels that do not undergo phase transformation to austenite and/or to martensite [7–42 
12]. Low solubility of interstitials in ferrite leads to rapid, virtually inevitable, precipitation of carbonitrides 43 
at low temperatures. Ultimately, these brittle particles solely, in clusters, or in particle networks such as in 44 
grain boundaries may induce microcracks that then in turn provide nucleation sites for cleavage cracks [13–45 
17]. 46 
 47 
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Intermediate purity steels with interstitial levels of 250 to 500 mass ppm are typically obtained when the 48 
steels are produced using argon-oxygen decarburization (AOD). Ultra-pure interstitial levels of about 100 49 
ppm and below are needed if superior toughness is desired, but costly vacuum steelmaking techniques have 50 
to be used to achieve these levels [7,9,18,19]. In intermediate purity stabilized steels, comparatively large 51 
inclusion and precipitate clusters can exist in the ferritic matrix. During casting, stable oxide inclusions such 52 
as Al2O3 and TiO2 provide substrates for Ti(C,N) nucleation and growth from the molten state. Typical hot 53 
working and annealing temperatures in the range 1073–1523 K (800–1250 °C) allow further coarsening of 54 
the carbonitrides and large conglomerations of particles are seen after cold working and annealing. In the 55 
weld heat-affected zone (HAZ) of ferritic stainless steels, some of the precipitates dissolve and re-precipitate 56 
intergranularly and intragranularly [20]. This process is usually termed as high-temperature embrittlement 57 
(HTE) that reduces toughness and corrosion resistance although stabilized grades are less susceptible to the 58 
phenomenon [21]. The location and magnitude of precipitation depends upon chemistry but also on cooling 59 
rate, slow cooling promoting intergranular precipitation. 60 
 61 
Although plentiful research has been carried out to understand factors affecting to toughness in ferritic 62 
stainless steels, research into the overall effects of particle size, distribution and type together with grain size 63 
has been lacking. Moreover, the literature dealing with the toughness of stabilized intermediate purity 20–64 
24 Cr ferritic stainless steels is limited due to their relative recent development, and research related to the 65 
effects of welding on the toughness of these steels is practically nonexistent. In this study, we provide 66 
analyses of the critical factors influencing the impact toughness of these steels and explain how the already 67 
limited HAZ toughness can be maximized through alloy and welding parameter design. 68 

II. EXPERIMENTAL 69 

A. Materials 70 

Four intermediate purity stabilized ferritic stainless steels A–D were laboratory cast in a vacuum induction 71 
furnace as 65 kg ingots, the compositions are shown in Table I. The stabilization of the materials varied from 72 
fully Nb-stabilized (A), through dual-stabilized (B, C) to fully Ti-stabilized (D). All of the steels satisfied the 73 
standard stabilization formula Ti+Nb ≥ 0.2+4(C+N), i.e. the alloys were over-stabilized with respect to C and 74 
N. 75 
 76 
The 48 mm thick slabs were soaked at 1388 K (1115 °C) for 75 minutes and hot rolled to a thickness of 77 
5 mm using approximately 30 pct reduction per pass finishing around 1053 K (780 °C). The materials were 78 
then cold rolled to a thickness of 3 mm and finally annealed in the range 1198–1303 K (925–1030 °C) for 79 
1 minute followed by air cooling to achieve full recrystallization with a grain size of 20–30 µm.  80 

B. Methods 81 

Thermo-Calc software version 5.0.0.6053 (Thermo-Calc Software AB, Stockholm, Sweden) with a database 82 
TCFE7 was used to calculate the equilibrium phase balances and the chemistry of particles for the 83 
experimental steels in the temperature range 773–1973 K (500–1700 °C) using the elements Fe, C, Mn, Cr, 84 
Cu, N, Nb and Ti. 85 
 86 
A Gleeble 3800 thermomechanical simulator (Dynamic Systems Inc., Poestenkill, NY) was used to simulate 87 
HAZs for three widely different heat input scenarios; 0.3, 0.5 and 0.9 kJ/mm, which translate into Δt8/5 88 
cooling times of 23, 65 and 210 seconds, respectively. Due to the 3 mm sample thickness a Rykalin 2D heat 89 
flow equation was used together with the following values: heating rate 300 degrees/s, peak temperature 90 
1623 K (1350 °C), holding time at peak 0.1 s, free span 20 mm, density 7.7 g/cm3, specific heat 460 J/kgK, 91 
and thermal conductivity 26 W/mK. The heating rate was obtained from thermocouple measurements of 92 
prior gas tungsten arc welding tests on the same materials. 93 
 94 
Sub-sized Charpy-V notched samples of 3 x 10 x 55 mm in the L-T orientation were used to minimize the 95 
effects of longitudinal strings of inclusions, which could act as crack paths for T-L orientated specimens. The 96 
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L-T orientation means the long side of the Charpy specimen is parallel to the longitudinal, i.e. rolling 97 
direction, and the V notch is made in the side perpendicular to the transverse direction. For the T-L 98 
orientation, the opposite is true. The criterion for the ductile-to-brittle transition temperature (DBTT) was set 99 
to 35 J/cm2, i.e. 8.4 J for the 3 mm sample thickness. Typically, three samples were tested at each 100 
temperature and DBTTs were determined from tanh fitted transition curves as described by Wallin [22]. The 101 
amount of ductile fracture was determined from the fracture surfaces visually that was then used to 102 
determine the upper shelf energy (USE) for the variants. If no samples with 100% ductility existed, Wallin’s 103 
upper-shelf energy estimation formula (1) was used with an exponent m value of 0.3 based on previous 104 
investigations [23]. Lower-shelf energy was fixed to 9 J/cm2. 105 

 106 
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 108 
where Cv-us is the upper shelf energy of a sample, Cv is the impact energy of a sample, m is a constant, and SA 109 
is the amount of ductile fracture in a fracture surface as judged by eye. 110 
 111 
Metallographic samples were prepared using water grinding and polishing with a diamond suspension to 112 
1 µm. Microstructures of the samples were optically examined using Vilella’s reagent and grain sizes were 113 
determined using the mean linear intercept method. Furthermore, samples used for scanning electron 114 
microscopy (SEM) were chemically polished with a 0.05 µm colloidal silica suspension. Vickers hardness 115 
(HV1) was measured with LECO M-400-H1. 116 
 117 
Precipitate and inclusion structures were characterized using combined energy-dispersive X-ray 118 
spectrometry (EDS) and SEM. About 8000 particles were analyzed in total by using the feature detection 119 
routine of INCA software (Oxford Instruments, Abingdon, UK). The analysis for each sample was made 120 
using a total area of 8.4 mm2 based on 30 randomly selected frames of 0.0276 mm2. Only particles with an 121 
equivalent circle diameter (ECD) greater or equal to 1.0 μm were analyzed. The SEM-EDS analyses of the 122 
particles were normalized by assuming that any Fe signal came entirely from the steel matrix. The upper 123 
limit for the matrix contribution was set to 70 pct by mass, after which the results were considered to be too 124 
inaccurate for analysis. After the removal of the matrix contribution and the normalization process, the 125 
analyzed particles were grouped into various oxide and carbonitride compound systems based on their 126 
dominant elements. The individual elements in a stoichiometric compound were subtracted until one of the 127 
components was depleted, and then any remaining portions of other elements were used to calculate the next 128 
compound. Partly following Gordon and van Bennekom [24], these calculations were made in the order: 129 
Al2O3, TiO2, TiN, NbN, TiC, NbC and Cr23C6, i.e. based on the approximation that, with falling temperature, 130 
these simple compounds form sequentially in the order given and ignoring any mutual solubilities. After all 131 
calculations, the mass pct of the elements in a particle were converted into volume pct by using known 132 
densities of the compounds. Finally, for further analysis, particles were classed according to their dominant 133 
simple compound, i.e. the compound which comprised more than half of the volume of the particle, e.g. 134 
Al2O3, TiO2 etc. Those particles that did not have a dominant compound were classed as multiple oxide-135 
carbide-nitrides. The entire process is schematically presented in Fig. 1. 136 
 137 

 138 
Fig. 1 – Schematic process for SEM-EDS particle analysis 139 
 140 
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In addition, the smallest inclusions and precipitates in steel C were also examined by using electrolytic 141 
extraction as described in detail in Ref. [25].  Briefly, this technique uses multistep extraction and filtration 142 
based on dissolution of the matrix in an HCl electrolyte. Samples from the base metals and HAZs with a 143 
mass of about 2 g resulted in about 0.2 g of material being electrolytically extracted. After the electrolytic 144 
extraction, a polycarbonate film with a pore size of 0.1 µm was used for filtration. After the filtration, a piece 145 
of a film filter was cut, placed on an adhesive carbon tab and coated with carbon. Then, particles were 146 
examined with SEM-EDS using the feature detection routine. In order to analyze the smallest particles using 147 
a JEOL (Japan Electron Optics Laboratory Co., Ltd., Akishima, Tokyo, Japan) JEM-2200FS scanning 148 
transmission electron microscope (STEM) equipped with EDS, another piece of film filter was cut, 149 
submerged into methanol and exposed to ultrasound. Then, drops of methanol–particle dispersion were 150 
applied to carbon coated copper STEM sample grids. 151 
 152 
Multiple linear regression model was built to explain factors influencing to DBTT by combining the 153 
chemical composition, grain size, hardness and particle details into one database in Minitab 17 software 154 
(Minitab Inc., PA, US). In the first stage, dozens of variable combinations were evaluated with less-155 
restrictive α-level of 0.1–0.25 to identify the variables that might be associated with DBTT. In the second 156 
stage, best combinations were assessed with an α-level of 0.05 in simultaneous and hierarchical order. 157 
Variance inflation factor (VIF) was used to assess the multicollinearity of the independent variables. 158 
Collinear variables (VIF > 5) were treated so that the variable with strongest relationship was included in the 159 
final model. 160 

III. RESULTS 161 

A. Microstructures 162 

Figures 2–5 show the optical micrographs of the unaffected base metals and simulated HAZs on cross-163 
sections containing the rolling and thickness directions. The largest variations in the microstructure were 164 
seen with the unaffected base metals. In the fully Nb-stabilized steel A, the base metal microstructure 165 
contained large Nb carbonitride clusters but also smaller intragranular and intergranular particles (Fig. 2a). 166 
As the stabilization became more Ti-rich in steels B, C and ultimately D, the microstructures became 167 
increasingly ‘cleaner’, i.e. small precipitates were relatively scarce and large Ti/Nb carbonitride clusters 168 
occupied otherwise clean ferrite grains (Fig. 4a and Fig. 5a). Equilibrium phase diagrams calculated using 169 
Thermo-Calc predicted that in fully Ti-stabilized steel D the Ti(C,N) precipitation can begin in the molten 170 
state at 1804 K (1531 °C), which is 35 degrees above the predicted ferrite liquidus temperature, i.e. 1769 K 171 
(1496 °C). In steel C, the Ti(C,N) precipitation could initiate 5 degrees prior the solidification of ferrite 172 
1772 K (1499 °C) and the solvus of Nb-rich (Nb,Ti)C precipitates is predicted to be in the solid state at 173 
1363 K (1090 °C). Conversely in steel B, the Ti(C,N) is expected to precipitate during the solidification of 174 
ferrite, i.e. below 1768 K (1495 °C) and Nb-rich (Nb,Ti)C to precipitate in the solid state below the solvus at 175 
1479 K (1206 °C). And finally in steel A, the Nb(C,N) precipitation was predicted to begin entirely from the 176 
solid state 1603 K (1330 °C). The above predictions are, however, based on equilibrium phase diagrams: the 177 
effects of interdendritic segregation and diffusion kinetics are ignored. 178 
 179 
After HAZ simulations the microstructural differences became less distinct. The majority of large particle 180 
clusters vanished and were replaced with fine intragranular dispersion clouds of precipitates and 181 
intergranular grain boundary precipitates. The dissolution process was very apparent in steels B, C and D as 182 
all the precipitates that surrounded the yellow cuboidal titanium nitrides (presumably mostly carbides) were 183 
dispersed into the vicinity of the practically unaffected nitrides. These dispersion clouds were the most 184 
distinct with the low heat input scenario (Fig. 3b, Fig. 4b and Fig. 5b). As the heat input increased, i.e. the 185 
cooling rate decreased, the microstructures became more similar to each other in all steels (Fig. 3c–d, Fig. 186 
4c–d and Fig. 5c–d). The only obvious exception was the absence of cuboidal nitrides in steel A (Fig. 2b–d). 187 
 188 
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   189 

 190 
Fig. 2 - Optical microstructure of Nb-stabilized steel A after heat input simulations. Unaffected base 191 
metal (a), low 0.3kJ/mm (b), medium 0.5 kJ/mm (c), and high 0.9 kJ/mm heat input (d). 192 
 193 

 194 
Fig. 3 - Optical microstructure of dual-stabilized steel B after heat input simulations. Unaffected base 195 
metal (a), low 0.3kJ/mm (b), medium 0.5 kJ/mm (c), and high 0.9 kJ/mm heat input (d). 196 
 197 

 198 
Fig. 4 - Optical microstructure of dual-stabilized steel C after heat input simulations. Unaffected base 199 
metal (a), low 0.3kJ/mm (b), medium 0.5 kJ/mm (c), and high 0.9 kJ/mm heat input (d). 200 
 201 

 202 
Fig. 5 - Optical microstructure of Ti-stabilized steel D after heat input simulations. Unaffected base 203 
metal (a), low 0.3kJ/mm (b), medium 0.5 kJ/mm (c), and high 0.9 kJ/mm heat input (d). 204 
 205 

B. Particle analyses 206 

Basic characterization data of the materials after annealing and thermal simulation tests are shown in Table 207 
II. A gradual increase in the grain size is seen as the welding heat input increased. With the highest heat 208 
input scenario the mean grain size in the HAZ increased to 6–10 times that of the unaffected base metal, i.e. 209 
from 19–31 µm to 180–210 µm. Surprisingly, the average (detectable) particle size remained relatively 210 
unchanged regardless of the heat input used. The Nb-stabilized steel A had the finest average particle size 211 
and only in a few cases Ø ≥ 3 µm particles were observed. Interestingly, the particle count for Ø 1–1.9 µm 212 
particles in steel A noticeably increased from low heat input 8.2 pcs/frame to high heat input 34.2 pcs/frame. 213 
This perhaps indicated that the smallest precipitates in the 0.30 and 0.50 kJ/mm heat input scenarios were too 214 
small to detect with SEM-EDS feature run. 215 
 216 
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The particles were further divided into compound system groups based on their chemistry and these are 217 
listed in Table III. It must be emphasized that these groups are merely estimates concerning the dominant 218 
compound in the particles. For instance, Fig. 6 demonstrates how at equilibrium the C and N concentrations 219 
can vary in carbonitrides with respect to temperature in steels A and D, i.e. close to the molten state the 220 
amount of N in a particle is the highest and C the lowest.  221 
 222 
As was already shown from the micrographs, the absence of TiN-rich particles in steel A can also be seen 223 
from the Table III. Noticeable differences between the materials were also the presence of TiC-rich particles 224 
in steel D and NbC-rich particles in steel A. Although all steels were deoxidized with Al the EDS spectrum 225 
from the nitrides likely obscured the spectrum from the oxide core in steels B–D unlike in steel A where the 226 
small Al2O3 particles were evident. 227 
 228 

 229 
Fig. 6 – Change of C and N concentrations with respect to temperature in Nb(C,N) of steel A (a) and 230 
Ti(C,N) of steel D (b) at equilibrium. Calculated via Thermo-Calc. 231 
  232 
Due to somewhat large separation of the dispersion clouds from the yellow cuboidal nitrides after HAZ 233 
simulations (e.g. Fig. 4b), additional analyses were carried out for particles Ø < 1 µm in steel C using the 234 
electrolytic extraction method. Because carbon coating was used, the SEM-EDS data in Table IV lists only 235 
substitutional elements. As can be seen, the particles were mostly Ti and Nb-based with the occasional 236 
presence of Cr and only minor amounts of other elements. In Fig. 7 a series of micrographs show the 237 
smallest spherical, cuboidal and needle-like particles detected via STEM. Albeit only few particles were 238 
quantified with STEM-EDS, a similar tendency could be seen that the smallest particles were based on Ti 239 
and Nb, Fig. 8. 240 
 241 

 242 
Fig. 7 - STEM images of extracted particles in low 0.3 kJ/mm heat input scenario of dual-stabilized 243 
steel C. 244 
 245 
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  246 
Fig. 8 - STEM-EDS analyses of extracted particles in low 0.3 kJ/mm heat input scenario of dual-247 
stabilized steel C: 54%Nb, 29%Ti, 11%Cu, others (Cr, Fe) <5 % (a) and 52%Nb, 20%Cr, 17%Ti, 248 
others (Cu, Fe) <5% (b). 249 

C. Impact toughness 250 

The data from the impact toughness tests is summarized in Table II and the fitted transition curves are shown 251 
in Fig. 9. All in all, the DBTT (35 J/cm2) range was 80 degrees, including the base metals and simulated 252 
HAZ. The table also lists the USE values, and on average, the estimated values were on par with the 253 
experimentally determined values (160 ± 11 J/cm2 vs. 159 ± 14 J/cm2, respectively). In the base metals, the 254 
Nb-stabilized steel A showed the lowest and Ti-stabilized steel D the highest DBTT. Generally, an increase 255 
in the DBTT was seen with the examined steels as the welding heat input increased. Also, the transition 256 
curves became less steep with the higher heat inputs. 257 
 258 

 259 
Fig. 9 - Charpy-V tanh fitted transition curves of all steels and heat input simulations. 260 
 261 
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D. Fractography 262 

Fractured Charpy samples in the transition range showed that fracture micromechanisms were as expected. 263 
Ductile parts failed by microvoid coalescence and brittle parts by multifaceted transgranular cleavage as 264 
demonstrated in Fig. 10. The amount of ductile fracture in the fractured surface was generally no more than 265 
10% at the 35 J/cm2 transition temperature. The intensive grain boundary precipitation in the simulated HAZ 266 
samples did not lead to intergranular fracture. Microvoids frequently contained inclusions and precipitates 267 
and large nitrides were easily distinguishable from the cleavage planes. Despite extensive search for cleavage 268 
crack nucleation sites near the notch of Charpy samples, only few particles could be identified to potentially 269 
act as nuclei, Fig. 11. 270 
 271 

  272 
Fig. 10 - Mixed microvoid and cleavage fracture (a) and multifaceted cleavage fracture (b) observed in 273 
Ti-stabilized steel D. 274 
 275 

  276 
 277 

  278 
Fig. 11 - Potential fracture initiation sites in steel D: grain boundary TiN (a), intragranular TiN (b), 279 
intragranular Ti-rich particle (c). Initiation site with no detectable particle in steel A (d). 280 
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E. Statistical analyses 281 

Several DBTT models were built by combining the chemical composition (Table I), grain size and particle 282 
details (Table II), and more specific particle groups and size classes (Table III). In all preliminary models, 283 
the effect of grain size was very significant and had a large effect on the DBTT: it alone explained more than 284 
a half of the variance in the data (adj. R2 = 0.55). Hardness appeared to have no significant effect on the 285 
DBTT; however, hardness values only vary over the range 152–168 HV1.  Grain size with mean particle 286 
diameter explained two-thirds of the variance in the data (adj. R2 = 0.67). Grain size with particle count 287 
(ECD ≥ 2µm) further improved the correlation (adj. R2 = 0.70). More specific analysis based on Table III 288 
indicated that grain size together with TiN-rich and TiC-rich particle groups explained 77% of the variance 289 
in the DBTT. Ultimately, the best regression model (adj. R2 = 0.80, SE = 10 degrees) presented in Table V 290 
and Fig. 12 shows that grain size was the most contributing factor to DBTT followed by the total number 291 
density of large TiN-rich and TiC-rich particles (ECD ≥ 2 µm). 292 

 293 
Fig. 12 - Predicted vs measured DBTT. 294 

IV. DISCUSSION 295 

The results of this study suggest that there are two main factors influencing impact toughness in stabilized 296 
intermediate purity 21Cr ferritic stainless steels and their HAZs. A strong statistical significance was seen 297 
that the grain size and large, i.e. Ø ≥ 2 µm Ti-rich carbonitride particles increase the DBTT considerably. For 298 
example, the influence of TiN-rich particles on brittle fracture in our study could be demonstrated with steels 299 
B, C and D: In the highest heat input scenario (0.9 kJ/mm) the microstructures were very similar regardless 300 
of the Ti/Nb stabilization ratio, the grain sizes were large (≥ 180 µm) and the amount of large TiN-rich 301 
particles was high. Consequently, the toughness was about equal (DBTT = 43–48 °C). 302 
 303 
Overall, the results agree well with the general literature on ferritic stainless steels. Nb stabilization in the 304 
base metal should result in improved toughness over Ti stabilization [14,26]. Han et al. [14] showed that for 305 
18Cr-2Mo steels large TiN particles would usually initiate cleavage cracks and reduce the toughness 306 
compared to solely Nb+V -stabilized steel. Grubb et al. [13] demonstrated that in high-purity Fe-26Cr steels 307 
Ti alloying promotes intergranular microcracks and reduced toughness even when the precipitation has been 308 
limited by fast cooling. Li et al. [15] also noticed similar effects in 18Cr-2Mo steels, but also suggested that 309 
fine Cr2N had a role in decreasing the toughness. In our case the smallest detected precipitates were 310 
predominantly Ti and Nb-based so that the presence and effect of Cr2N is probably small. In other ferritic 311 
steels, Ghosh et al. [16] described how relatively small > 0.5 µm TiN could initiate cleavage cracks in high 312 
strength low alloy (HSLA) steels. However, Du et al. [17] found no statistical significance between DBTT 313 
and TiN particles in such steels. 314 
 315 
The formation of microcracks in brittle particles has been proposed to initiate cleavage cracks [13–17]. 316 
Ghosh et al. [16] described that Al2O3 that are frequently found at the core of TiN in Al-killed steels could 317 
already promote enough internal microcracking that would at low stress propagate to particle-matrix 318 
interface. When the crack length is assumed to be similar in size to the particle diameter, a steep decrease in 319 
the local fracture stress occurs as the particle size increases. Consequently, the crack propagates from the 320 
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particle to the ferrite grain. Then, a critical grain size exists that determines whether or not the grain 321 
boundary is able to arrest the cleavage crack from penetrating though multiple high-angle grain boundaries 322 
[16].  323 
 324 
Typically in the literature of ferritic stainless steels, grain boundary precipitation promoted by slow cooling 325 
is considered to be detrimental to toughness in ultra and intermediate purity unstabilized steels [6,27]. In our 326 
case this effect was either small or hindered by the stabilization. For example, in steel D the toughness was 327 
not significantly reduced with low and medium heat inputs compared to the unaffected base metal despite the 328 
increase in grain size and grain boundary precipitation that surrounded basically every grain. In the 329 
intermediate purity stabilized ferritic steels alloying with Ti has been shown to lower the DBTT when 330 
compared to unstabilized steels. Grubb [13] thought that the detrimental influence of Cr in intermediate 331 
purity steels comes from needle-like Cr precipitates. Once the Ti was alloyed, the DBTT was lowered due to 332 
reduced needle-like precipitation. In our study needle-like precipitates existed but had no significant effects 333 
on DBTT. However, the small precipitates were not considered in the regression analyses due to a lack of 334 
quantitative data. Also, they were not based on Cr but on Ti and Nb. 335 
 336 
In contrast to the Ti-containing steels of this study, the DBTT of the HAZ in Nb-stabilized steel A remained 337 
practically unchanged regardless of the heat input used and resulting grain size (74 to 185 µm). Evidently, 338 
the absence of large particles made the crack initiation more difficult. However, based on hardness values, 339 
we consider that the HAZ in steel A had the highest strength in the low heat input scenario, presumably due 340 
to presence on fine Nb-rich particles. In medium and high heat input scenarios the hardening effect was not 341 
as severe. Thus, the decrease in the flow stress of the material and increase in grain size resulted in opposite 342 
effects on DBTT. Typically in ferritic stainless steels an increase of 1 ASTM number (decrease in grain size) 343 
should lower DBTT by 6–26 degrees but that higher interstitial content would reduce the improving effect 344 
due to precipitation [6,9,27,28]. In our study the influence of an increase in 1 ASTM grain size suppressed 345 
the DBTT 7–8 degrees, which meets these considerations. 346 
 347 
The significant influence of large TiC-rich groups on DBTT was somewhat surprising. Ghosh et al. [16] 348 
pointed out that (grain boundary) carbides have higher surface energy than TiN so that microcracking of 349 
carbide requires 3–5 higher fracture stress, making carbides relatively weak sources for the initiation of 350 
cleavage cracks. In our case, we are cautious about the overall effect of TiC-rich particles because 1) only 351 
steel D contained sufficient amount of these and 2) quantitative analysis of carbon with SEM-EDS is known 352 
to be imprecise. We hypothesize that as the carbides in the base metal of steel D rarely were separated from 353 
cuboidal nitrides, e.g. the microstructure was distinctly ‘clean’, the apparent effect of TiC group was actually 354 
a combination of Ti particle clusters rather than solely Ti carbides. Moreover, as the equilibrium calculations 355 
indicated, the C and N levels in carbonitrides would always alter depending on temperature and chemistry. 356 
 357 
The practical implications of this study are, that in the intermediate purity interstitial levels stabilization fully 358 
or partially with Ti runs the risk for the formation of large TiN/TiC-rich clusters that originate from the 359 
molten state. Thus, in order to maximize the limited impact toughness, either the stabilization should be Ti-360 
free or the levels of Ti and N should be moderated to reduce the size of the particles forming from the 361 
interdendritic liquid. Stabilization with Nb also tends to suppress excessive grain growth in the base material 362 
and HAZ because of the combined effects of solute drag and Zener pinning. This was at least partially seen 363 
with steel A that showed the lowest grain size in the base metal, and in the HAZ for low and medium heat 364 
inputs. However, excessively high heat input, like the 0.9 kJ/mm used in this study for 3 mm sheet, led to 365 
extensive dissolution of precipitates and reduced the grain boundary pinning effect. 366 
 367 
The main limitations of this study were the limited number of compound groups and the criteria used for 368 
grouping for the compounds in the particle analysis. As already stated, the particle analysis used in this paper 369 
assumes that the volumetrically largest compound in a particle will dominate the cleavage nucleation. Also, 370 
the size classes were determined by using ECD which does not take into account different particle 371 
morphologies. Therefore, for future studies it would be beneficial to take into account other particle systems 372 
such as sulfides, and the change in the composition of particles after HAZ simulations. Attention should also 373 
be paid to the relationship between impact toughness and fracture toughness. Redmond [26] demonstrated in 374 
18Cr-2Mo welds that the stabilization methods may bring about different results in fracture toughness and 375 



11 
 

impact toughness testing.  Also, recent work by Nevasmaa et al. [29] pointed out that the fracture toughness 376 
transition temperature (T0) and impact toughness transition temperature (T28J) correlation may not be suitable 377 
for the stabilized ferritic stainless steels. 378 

V. CONCLUSIONS 379 

Our study suggests that grain size and Ti carbonitride particles with an equivalent circle diameter greater 380 
than 2 µm govern the impact toughness of the base metal and HAZ in 21% Cr intermediate purity ferritic 381 
stainless steels. The research also verified the generally found fact that Nb stabilization results in better 382 
performance over dual-stabilization or Ti stabilization in the base metals and simulated HAZ of ferritic 383 
stainless steels. Large Ti carbonitride clusters that originate from the molten state can grow further through 384 
solid state precipitation. TiN-rich particles are practically unaffected by the welding heat input and act as 385 
nuclei for cleavage cracks. Conversely, Nb stabilization generally promotes smaller solid state precipitates 386 
and the absence of large particles makes the Nb-stabilized steel relatively tolerant to variations in heat input. 387 
It must be emphasized that we only used 8 particle groups, assumed that volumetrically largest particles 388 
dominate the cleavage nucleation, and that morphology had no effect. Further research should also 389 
investigate how impact toughness correlates with fracture toughness with different methods of stabilization 390 
as fracture toughness is more important than impact toughness from a design and dimensioning point of 391 
view. 392 
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TABLES 472 
 473 
Table I – Chemical compositions of the laboratory steels, mass pct 474 
Steel C Si Mn S P Cr Ni Ti Nb Cu Al O N Fe 
A 0.016 0.45 0.51 0.004 0.007 20.9 0.2 0.02 0.54 0.42 0.011 0.0041 0.022 Bal 
B 0.021 0.47 0.31 0.003 0.006 20.9 0.2 0.11 0.34 0.42 0.010 0.0038 0.024 Bal
C 0.021 0.46 0.29 0.003 0.005 20.9 0.2 0.21 0.23 0.41 0.011 0.0048 0.023 Bal 
D 0.029 0.45 0.29 0.003 0.006 20.2 0.2 0.53 0.01 0.42 0.023 0.0055 0.012 Bal 
Analyses were made using ARL 4460 optical emission and ARL 9800 XP X-ray spectrometers, and LECO gas analyzer. 
 475 
Table II – Basic characterization data for the examined steels. 476 
Steel Heat input 

kJ/mm 
Grain size 
µm 

Hardness DBTT USE Mean particle size* 
µm 

No of particles per frame divided into size classes* 
HV1 °C J/cm2 1–1.9 µm 2–2.9 µm ≥ 3 µm 

A Base 19   ±   3 154 ± 3 -35 155 1.3 ± 0.3 55.2 2.5 0.2 
 0.30 74   ± 11 168 ± 3 4 150× 1.3 ± 0.2 8.2 0.2 0.0 
 0.50 106 ± 28 164 ± 2 -2 154× 1.4 ± 0.3 7.9 0.5 0.0 
 0.90 185 ± 21 159 ± 5 4 149× 1.4 ± 0.4 34.2 2.3 0.4 
B Base 30   ±   7 152 ± 2 -17 177 2.1 ± 0.9 4.0 1.8 1.3 
 0.30 94   ± 14 161 ± 3 -8 160× 2.2 ± 1.0 6.8 3.5 2.2 
 0.50 119 ± 28 155 ± 2 18 172× 2.2 ± 0.9 5.4 3.5 2.2 
 0.90 210 ± 39 155 ± 3 37 185× 2.2 ± 0.9 5.0 3.2 2.0 
C Base 28   ±   4 153 ± 3 -5 167× 1.9 ± 0.7 6.2 3.3 0.8 
 0.30 95   ± 13 157 ± 5 14 157× 2.0 ± 0.7 8.4 5.2 1.6 
 0.50 124 ± 19 160 ± 3 28 166× 2.0 ± 0.7 10.6 5.5 1.4 
 0.90 180 ± 20 155 ± 5 52 171 2.2 ± 0.8 5.8 4.9 2.1 
D Base 31   ±   7 158 ± 4 12 147 2.1 ± 0.8 9.3 7.1 2.2 
 0.30 96   ± 12 159 ± 3 22 145 2.0 ± 0.7 7.9 5.4 1.0 
 0.50 127 ± 21 162 ± 3 11 151× 2.0 ± 0.8 9.1 6.5 1.9 
 0.90 182 ± 12 158 ± 4 45 154× 2.2 ± 0.8 7.0 5.6 2.3 
Grain size = mean linear intercept ± 1σ ; frame = 0.0276 mm2 = 27 600 µm2 ; × estimated value using Eq. [1] ; * size = equivalent circle diameter 
(ECD) in µm ± 1σ 
 477 
Table III – Compound groups calculated for analyzed particles 478 
Steel Heat input 

kJ/mm 
No of particles per frame divided into compounds and their size classes (1–1.9 µm / 2–2.9 µm / ≥ 3 µm) 

Al2O3 TiO2 TiN NbN TiC NbC Cr23C6 Multiple 
A Base 5.1 / 0.2 / - 4.2 / 0.1 / - - / - / - 0.8 / - / - - / - / - 41.7 / 2 / 0.2 0.9 / 0.1 / - 2.5 / 0.1 / - 
 0.30 1.8 / 0.1 / - 0.5 / - / - - / - / - - / - / - - / - / - 5.8 / 0.1 / - - / - / - 0.1 / - / - 
 0.50 2 / 0.1 / - 0.2 / - / - - / - / - 0.1 / - / - - / - / - 5.2 / 0.3 / - - / - / - 0.3 / - / - 
 0.90 3.1 / 0.2 / 0.1 1.4 / - / - - / - / - 0.4 / - / - - / - / - 28.6 / 2 / 0.4 0.1 / - / - 0.6 / 0.1 / - 
B Base 0.1 / 0.1 / - 0.1 / 0.1 / - 3.6 / 1.5 / 1.2 - / - / - - / - / - - / - / - - / - / - 0.3 / 0.1 / - 
 0.30 0.1 / 0.1 / - 1.1 / 0.3 / 0.2 4.5 / 2.4 / 1.8 - / - / - 0.1 / - / - 0.4 / - / - - / - / - 0.7 / 0.7 / 0.2 
 0.50 - / 0.1 / 0.2 0.6 / 0.2 / 0.1 3.8 / 2.5 / 1.8 - / - / - - / - / - - / - / - - / - / - 1 / 0.7 / 0.2 
 0.90 - / 0.1 / - 0.2 / 0.2 / 0.1 4.2 / 2.7 / 1.9 - / - / - 0.1 / - / - 0.3 / - / - - / - / - 0.2 / 0.3 / 0.1 
C Base 0.1 / 0.1 / - - / 0.1 / - 6 / 3.1 / 0.7 - / - / - - / - / - - / - / - - / - / - 0.1 / 0.1 / 0.1 
 0.30 0.2 / 0.2 / 0.1 0.5 / 0.1 / 0.2 7.4 / 4.8 / 1.2 - / - / - - / - / - - / - / - - / - / - 0.2 / 0.1 / 0.1 
 0.50 1 / 0.6 / 0.2 0.8 / 0.4 / 0.1 7.8 / 4.2 / 1.1 - / - / - 0.1 / - / - - / - / - - / - / - 0.9 / 0.4 / - 
 0.90 - / - / 0.1 0.5 / 0.1 / - 4.9 / 4.6 / 1.9 - / - / - - / - / - - / - / - - / - / - 0.4 / 0.2 / 0.1 
D Base - / - / - 0.1 / - / - 0.2 / 1.4 / 0.9 - / - / - 8.8 / 5.2 / 0.7 - / - / - - / - / - 0.2 / 0.5 / 0.6 
 0.30 - / - / - 0.3 / - / - 1.5 / 3.2 / 0.8 - / - / - 5.2 / 0.8 / - - / - / - - / - / - 0.8 / 1.3 / 0.2 
 0.50 0.5 / 0.6 / 0.1 0.2 / 0.1 / - 2.5 / 3.3 / 1.3 - / - / - 5.2 / 1.7 / 0.1 - / - / - - / - / - 0.8 / 0.9 / 0.5 
 0.90 - / - / - 0.1 / 0.1 / - 0.2 / 2.2 / 1.7 - / - / - 6.3 / 2.3 / 0.2 - / - / - - / - / - 0.3 / 1.1 / 0.4 
 479 
Table IV – Analyses of Ø < 1 µm particles in steel C. 480 
Location  Ti Nb Cr Cu S Si 
Base metal  
   (n=1788) 

Freq.% 95 92 29 48 46 12 
Mean, mass-% 43 ± 20 40 ± 23 3 ± 9 < 1 ± 1 7 ± 9 2 ± 10 

HAZ 0.3 kJ/mm 
   (n=4125) 

Freq.% 95 95 52 15 – – 
Mean, mass-% 31 ± 13 60 ± 16 5 ± 6 < 1 ± 4 – – 

Freq.% = frequency of an element being present in a particle with respect to the total number analyzed (n), < 10% not 
listed ; Mean = normalized concentration of substitutional elements  
 481 
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Table V – Final multiple linear regression model to predict the DBTT 482 
Variables Coefficient Cont.** SE 95% CI p-value VIF 
Intercept -32.43      
Grain size 0.25 58% 0.04 0.16 to 0.35 < 0.001 1.03 
TiN+TiC* 4.30 25% 1.00 2.14 to 6.45 0.001 1.03 
* no of particles per 0.0276 mm2 (ECD > 2 µm); ** contribution to variance 
 483 
 484 
LIST OF FIGURE CAPTIONS 485 
 486 
Fig. 1 – Schematic process for SEM-EDS particle analysis 487 
 488 
Fig. 2 - Optical microstructure of Nb-stabilized steel A after heat input simulations. Unaffected base 489 
metal (a), low 0.3kJ/mm (b), medium 0.5 kJ/mm (c), and high 0.9 kJ/mm heat input (d). 490 
 491 
Fig. 3 - Optical microstructure of dual-stabilized steel B after heat input simulations. Unaffected base 492 
metal (a), low 0.3kJ/mm (b), medium 0.5 kJ/mm (c), and high 0.9 kJ/mm heat input (d). 493 
 494 
Fig. 4 - Optical microstructure of dual-stabilized steel C after heat input simulations. Unaffected base 495 
metal (a), low 0.3kJ/mm (b), medium 0.5 kJ/mm (c), and high 0.9 kJ/mm heat input (d). 496 
 497 
Fig. 5 - Optical microstructure of Ti-stabilized steel D after heat input simulations. Unaffected base 498 
metal (a), low 0.3kJ/mm (b), medium 0.5 kJ/mm (c), and high 0.9 kJ/mm heat input (d). 499 
 500 
Fig. 6 – Change of C and N concentrations with respect to temperature in Nb(C,N) of steel A (a) and 501 
Ti(C,N) of steel D (b) at equilibrium. Calculated via Thermo-Calc. 502 
  503 
Fig. 7 - STEM images of extracted particles in low 0.3 kJ/mm heat input scenario of dual-stabilized 504 
steel C. 505 
 506 
Fig. 8 - STEM-EDS analyses of extracted particles in low 0.3 kJ/mm heat input scenario of dual-507 
stabilized steel C: 54%Nb, 29%Ti, 11%Cu, others (Cr, Fe) <5 % (a) and 52%Nb, 20%Cr, 17%Ti, 508 
others (Cu, Fe) <5% (b). 509 
 510 
Fig. 9 - Charpy-V tanh fitted transition curves of all steels and heat input simulations. 511 
 512 
Fig. 10 - Mixed microvoid and cleavage fracture (a) and multifaceted cleavage fracture (b) observed in 513 
Ti-stabilized steel D. 514 
 515 
Fig. 11 - Potential fracture initiation sites in steel D: grain boundary TiN (a), intragranular TiN (b), 516 
intragranular Ti-rich particle (c). Initiation site with no detectable particle in steel A (d). 517 
 518 
Fig. 12 - Predicted vs measured DBTT. 519 
 520 
 521 
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