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A B S T R A C T   

In order to establish the processing conditions to achieve the target of tensile strength of ~1500 MPa with 
minimum retained austenite (RA) fraction of 10% in hot-rolled 3–4%Mn medium Mn steels, three hot-deformed 
steels with the base composition of Fe-0.3C–1Si-0.5Al (concentrations in wt.%) and variable contents of Mn (3 or 
4 wt%), Ni (1 or 2 wt%), Mo (0.2 or 0.4 wt%) and V (0 or 0.2 wt%) were processed using both the quenching and 
partitioning (QP) and austenite reverse transformation (ART) treatments. Physical simulation experiments were 
carried out using small cylinders in a thermomechanical simulator and the differences in the amounts, 
morphology and stability of RA were established by using X-ray diffraction and electron probe microanalysis, 
besides standard material characterization techniques. Both processes provided relatively high fractions of 
austenite; up to 26 vol% using the QP route and up to 49 vol% by the ART treatment under specific conditions. 
These amounts were comparable to those predicted for the conditions of thermodynamic equilibrium using the 
ThermoCalc software. The stability of RA for various conditions was estimated in terms of the average carbon 
contents of the RA. In QP process RA had mostly blocky-like appearance while in ART process the majority of RA 
was lath-like shaped. The hardness measurements revealed that the level of hardness in the QP structures was 
higher than that of the ART samples, possibly affected by RA fraction but more obviously as a result of martensite 
tempered at relatively low temperatures in the QP and at high temperatures in the ART treated structures. 
Preliminary tensile properties were measured on selected laboratory hot-rolled samples and results analyzed 
based on RA characteristics. The preliminary results indicated that the target is achievable in the laboratory scale 
through both the processing routes.   

1. Introduction 

The ever-increasing demand for new lighter and safer structures in 
the automotive and transportation sector has been a subject of keen 
interest for decades. As regards the economic efficiency, the focus has 
uninterruptedly been on light-weighting of the structures by developing 
and using advanced high strength steel (AHSS) grades in order to reduce 
the fuel consumption as well as carbon footprint. On the other hand, 
achieving satisfactory strength-ductility balance continues to be of 
paramount importance for manufacturing critical vehicle parts/com-
ponents that need to have excellent crash-resistance in order to with-
stand collisions, besides imparting requisite rigidity to the cabin to 

protect the passengers [1]. 
During last two decades, research on second-generation AHSSs has 

evolved into the development of dual-phase, transformation-induced 
plasticity (TRIP) and complex-phase steels, besides twinning-induced 
plasticity (TWIP) steels, and even high strength bainitic and/or 
martensitic steels. In recent years, intensive research has been directed 
to develop the so-called third-generation AHSSs aimed at providing even 
higher strength-ductility balance with improved strain hardening ca-
pacity compared to the conventional high strength grades as well as 
second-generation AHSSs. Medium-Mn steels (3–12% Mn), capable of 
providing such high property combinations, are the examples of third 
generations steels [2–4]. Two processing concepts have been commonly 
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recognized to have pronounced effect in enhancing the 
strength-ductility balance, viz., QP and ART treatments [5–9]. Both of 
these approaches utilize a requisite fraction of metastable austenite for 
enhanced ductility, whereas the high strength is provided by 
low-temperature transformation products such as martensite. The QP 
process relies mainly on partitioning of interstitial carbon from super-
saturated martensite to untransformed austenite in order to stabilize it 
partially or fully down to room temperature (RT), while preventing or at 
least significantly delaying the formation of carbides, such as cementite 
or transition carbides [5]. In the ART treatment, the partitioning is not 
just limited to interstitials, but substitutional elements like manganese 
too participate in stabilizing the austenite, such as in the case of 
medium-Mn steels [10]. In general, increasing the carbon content in a 
steel will decrease its AC3 temperature and thus make narrower its AC1 - 
AC3 range [4], for instance, in the case of 0.3% C steel used in this 
investigation. 

Mn has an important role to play in accomplishing the desired me-
chanical properties, particularly the high strength-ductility balance. The 
literature holds a large number of papers dealing with medium-Mn steels 
with Mn varying in the range 5–12 wt% processed via various routes, 
and this number is continuously increasing [8]. Still leaner alloying 
would, however, be preferred due to the accompanying ease of pro-
cessing as well as reduced steel price, as Mn increases the alloying and 
processing costs [8]. The decrease of Mn content invariably leads to a 
decreased RA volume fraction and stacking fault energy (SFE), thereby 
weakening the TRIP effect, as well as lowers the strength-ductility 
combination. Therefore, the research on medium-Mn steel, in general, 
has mainly focused on Mn contents greater than 6 wt% [11], and only 
few papers have dealt with steels containing 3–4 wt% Mn. Among the 
latter ones, De Moor et al. [4] have extensively investigated the level of 
tensile properties achievable in 0.2–0.3 wt% C steels containing 3 or 5 
wt% Mn following QP processing. In general, RA fractions were in the 
range 1–15% with widely varying processing parameters for 
0.3C–3Mn-1.6Si steel (concentrations are in wt.% hereafter), while the 
ultimate tensile strength (UTS) and total elongation (TEL) varied in the 
ranges 1450–1700 MPa and 11–18%, respectively [4]. 

To develop a tough ultrahigh-strength steel with adequate ductility 
and strain hardening capacity, Kantanen et al. [12] established the 
direct quenching and partitioning (DQP) route for a 
0.3C–2Mn-0.6Si-1.1Al-2.2Cr and 0.3C-1.9Mn–1Si–1Cr steel, wherein 
thermo-mechanically controlled rolling was combined with direct 
quenching and partitioning to obtain highly refined and randomized 
martensitic matrix, toughened by thin films of interlath RA (the fraction 
of 6–10%). The UTS and TEL varied in the range 1650–1900 MPa and 
12–14, respectively [12]. However, no attempt was made to partition 
Mn to austenite at elevated temperatures as in the case of medium-Mn 
steels. In another study, it has been reported that for steels with 
low-Mn alloying (0.3C–2Mn), no partitioning of Mn to austenite took 
place during intercritical annealing (IA) at 750 ◦C for 10 s, but a sig-
nificant redistribution of Mn occurred after 43200 s (12 h) [13]. The 
study suggested that partitioning of substitutional elements depends on 
the crystallography of the RA, reversion temperature and alloy compo-
sition. Concerning the complex orientation dependence, Zhang et al. 
[14] found that in a 0.3C–2Mn-1.5Si steel, the growth of austenite, 
adhering to the Kurdjumov-Sachs (K–S) orientation relationship with 
respect to the surrounding tempered martensite matrix, was accompa-
nied with Mn and Si partitioning during the reversion at both low and 
high annealing temperatures. However, the growth of non-K-S oriented 
austenite, which had the growth rate much higher than that of the K–S 
oriented austenite, was not accompanied with Mn and Si partitioning at 
high annealing temperatures. On the other hand, Mn and Si partitioning 
occurred during the growth of non-K-S oriented austenite at a relatively 
low annealing temperature below 762 ◦C, and the sizes of K–S and 
non-K-S austenite grains were similar. 

Huo et al. [11] in a study on 0.2C–4Mn–2Al steel, microalloyed with 
Nb at two different levels, i.e., 0.02% and 0.1% Nb, realized RA fractions 

of 25% and 21%, respectively, following an ART treatment for 30 min at 
725 ◦C. In the 0.02Nb-bearing steel, RA presented two different mor-
phologies, equiaxed and lathy, and the corresponding tensile properties 
displayed low strength (570 MPa yield strength (YS) and 1011 MPa UTS) 
and high ductility (35.6% TEL). 

Hu and Luo [15] developed a two-stage processing, wherein a short 
interruption at 250–450 ◦C during the heating stage to IA temperature 
shortened the annealing time required. Carbides precipitated from the 
martensite in the interruption stage, which facilitated enhanced auste-
nitization kinetics during subsequent IA stage by increasing both the 
nucleation as well as growth rates. The idea was applied by Han et al. 
[16] on a 0.27C-3.5Mn-1.8Al-1.1Si-0.05Nb steel by introducing a 
carbide-enhancing pre-anneal (CA) stage at 630 ◦C prior to the subse-
quent ART treatment to obtain a microstructure consisting of dispersion 
strengthened ferrite along with 35% RA, predominantly nucleated on 
Mn-enriched cementite. Better property combinations, e.g., 763 MPa YS, 
1022 MPa UTS and 46.4% TEL, could be obtained in samples processed 
via the intermittent CA route for 3 h at 630 ◦C, in comparison to the 
properties achieved without involving the CA stage by just carrying out 
the ordinary IA for 30 min at 730 ◦C, i.e., 715 MPa YS, 944 MPa UTS and 
40% TEL. Recently, Sadeghpour et al. [17] investigated microstructural 
features obtained in a 0.31C–4Mn–2Ni-0.5Al-0.2Mo steel using a 
combinatorial route of QP, followed by deformation (0.4 compressive 
strain at 250 ◦C) and the ART treatment, which resulted in the 
ultrafine-grained microstructure consisting of ferrite, 32% of RA with 
some fresh martensite (FM) after 20 min annealing at 650 ◦C. 

The examples illustrated above indicate that high RA fractions can be 
obtained in steels with 3–4% Mn by suitably employing either the QP or 
ART treatment, resulting in high tensile properties. The present research 
compares the outcomes of QP and ART processing of medium-Mn steels 
containing relatively low Mn contents in the range of 3–4%, in respect of 
microstructural features, including amounts, morphology and stability 
of RA in respect of carbon content. In the present study the aim of 
Gleeble simulation trials was to determine the appropriate hot rolling 
and subsequent QP/ART processing parameters to reach UTS level of 
1500 MPa with at least 10% RA for future automotive steels. Unlike the 
influence of long holding times generally reported in the literature, one 
of the main objectives of the present study was also to provide an insight 
into the microstructural differences seen in relatively short periods of QP 
(up to 1000 s) and ART processing (100–5000 s). Three experimental 
0.3C–1Si-0.5Al steels with variable contents of Mn (3 or 4%), Ni (1 or 
2%) and Mo (0.2 or 0.4%) were investigated in order to compare their 
microstructural response to the QP and ART processing routes. The 
research work was conducted in two stages. First, the processing routes 
were simulated in a thermomechanical Gleeble simulator and the con-
cerned results are mainly presented in this paper. Later, the optimal 
processing routes designed on the basis of salient physical simulation 
results have been extended to conduct laboratory rolling experiments 
and a detailed analysis of these results along with structure-property 
correlations, which will be presented in a separate paper. Thus, this 
paper encompasses the details of the processing routes and their influ-
ence on the evolving microstructures as well as the amount, morphology 
and stability of RA based on Gleeble simulations. Limited tensile prop-
erty data obtained on the laboratory rolled plates are also included here 
to understand the efficacy of the two processing routes. 

2. Experimental 

Three experimental Fe-0.3C–1Si-0.5Al (in wt.%) steels were 
designed and vacuum cast as 65 kg ingots and their final chemical 
compositions are listed in Table 1. C, Mn, and Ni were alloyed as 
austenite promoting elements, whereas Mo provided additional hard-
enability. Si and Al are strong graphitizing elements and are conven-
tionally used to suppress the formation of carbides during partitioning in 
QP and ART processing. Ti microalloying was used for the entrapment of 
N right from solidification stage and it also hinders the grain growth 
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during slab reheating. Steel A (with 3% Mn, 1% Ni) and Steel B (with 4% 
Mn, 2% Ni) had the leanest and the most abundant contents of Mn and 
Ni, respectively. Moreover, Steel C with Mn and Ni at the same level as 
Steel A, had nearly double Mo (0.4%) content than the other two steels 
(0.2%), besides the addition of about 0.2% V that is known to increase 
the resistance to softening. 

After the vacuum casting, a piece of ~120 × 70 × 55 mm was cut 
from each ingot and soaked at 1200 ◦C for 2 h. Later, thermomechani-
cally controlled hot-rolling was carried out in a laboratory rolling mill to 

Table 1 
Chemical compositions (wt.%) of the experimental steels.  

Material C Si Mn Al Ni Mo Ti V 

Steel A 0.30 1.0 2.9 0.47 1.0 0.20 0.01 – 
Steel B 0.31 1.0 3.9 0.42 2.0 0.21 0.01 – 
Steel C 0.32 1.0 2.7 0.54 1.3 0.41 0.02 0.20  

Fig. 1. Schematic sketches of a) QP and b) ART processing schedules, and c) dilatation tests for linear analysis. Dashed line in (a) shows DQ without a partition-
ing step. 
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reduce the thickness to 12 mm, followed by water quenching to RT soon 
after the final pass. After hot rolling, cylindrical specimens of di-
mensions Ø6 x 9 mm were machined with the axis transverse to the 
rolling direction in the rolling plane. These specimens were used for all 
the physical simulation experiments including the direct quenching 
(DQ), QP, ART and dilatation tests. 

Both QP and ART processing experiments were carried out in a 
Gleeble 3800 thermomechanical simulator, following the austenite 
conditioning (i.e., straining in the austenite) in the non-recrystallization 
(Tnr) regime prior to cooling at a linear rate high enough to prevent 
bainite formation before reaching the Ms temperature, thus simulating 
the DQ. The details of the QP and ART processing schedules are sche-
matically illustrated in Fig. 1 (a) and (b), respectively. To begin with, the 
schedules included the reheating step aimed at achieving fine-grained 
structures, similarly as expected in recrystallization controlled rolling, 
followed by straining in austenite, thus simulating the controlled rolling 
in Tnr regime. The specimens were reheated at 10 ◦C/s to 1150 ◦C, 
soaked for 4 min, cooled to 800 ◦C, held 10 s, and then compressed with 
three successive hits each having a strain of ~0.2 at a strain rate of 1 s− 1. 
The time between the hits was 25 s. The specimens were then held for 25 
s, following which the dilatation tests were initiated by measuring the 
change in the diameter of the samples by using a C-transducer. The QP 
processed specimens (Fig. 1a) were cooled at 30 ◦C/s to the desired 
quenching temperature (TQ: 100 ◦C for Steels A and B, 150 ◦C for Steel C) 
followed by partitioning at different partitioning temperatures (TP) in 
the range 200–500 ◦C for a fixed partitioning time (tP) of 1000 s and then 
cooled at 20 ◦C/s to RT. Some samples were directly cooled at 30 ◦C/s to 
RT, simulating the DQ of samples without the partitioning step, as 
shown by the dashed line in Fig. 1a. In addition, some Gleeble samples 
were cooled to RT in order to estimate the austenite fractions at TQ based 
on the linear analysis using the lever rule (Fig. 1c). As described in our 
previous study, the austenite fractions at TQ were estimated from the 
dilatation curves using the lever rule, giving untransformed austenite 
fractions in a close range of about 17, 22 and 26%, respectively, for Steel 
A, B and C considering the respective TQ [18]. 

In the case of ART processed specimens (Fig. 1b), after the third 
compression hit, the samples were held for 25 s, and then cooled at 
30 ◦C/s to RT followed by reheating at 30 ◦C/s to different austenite 
reverse transformation temperatures (TR) for different times (tR) fol-
lowed by cooling at 20 ◦C/s to RT. A thermodynamic software Thermo- 
Calc (Thermo-Calc Software AB, Stockholm, Sweden) combined with 
TCFE 8 database was used for determining the Ae1 and Ae3 temperatures 
for the experimental steels before conducting the actual experiments. 

Austenite fractions at RT were measured by X-ray diffraction (XRD) 
technique using a 9 kW Rigaku SmartLab XRD unit operated on a Co-Kα 
source and combining PDXL2 analysis software. A de-texturing method 
was adopted in the XRD measurements, which means that the samples 
were tilted (chi, χ) with 10◦ steps from 0 to 60◦ and rotated (phi, φ) 360◦

during measurements to eliminate any possible effects of the crystallo-
graphic texture on the measurements. A Rietveld refinement technique 
was adopted in the determination of the residual austenite lattice 
parameter. The average carbon contents for the QP and DQ specimens 
were estimated based on the lattice parameters using the empirical 
Equation (1) as described in Refs. [19,20]:  

aγ = 3.556 + 0.0453xC + 0.00095xMn + 0.0056xAl – 0.0002xNi + 0.0031xMo 
+ 0.0017xV                                                                                    (1) 

Where aγ is the austenite lattice parameter (Å) and xC, xMn, xAl, xNi, xMo 
and xV are the concentrations (in wt.%) of C, Mn, Al, Ni, Mo and V, 
respectively. 

For the ART specimens, another empirical equation (Equation (2)) 
was used to determine aγ in order estimate the average carbon contents, 
because Equation (1) seemed to overestimate the carbon contents of 
those samples containing relatively high RA fractions [21].  

aγ = 3.578 + 0.033xC + 0.00095xMn + 0.0056xAl – 0.0002xNi + 0.0031xMo +

0.0018xV                                                                                        (2) 

According to Scott and Drillet [22], a comparison of the average 
carbon contents of RA obtained from electron energy loss spectroscopy 
with those based on aγ values obtained using XRD, showed a nonlinear 
relationship. This can be one plausible explanation for the over-
estimation of the carbon contents, as mentioned above. 

Microstructural characterization of the Gleeble samples (DQ, QP and 
ART) was carried out on the cross-sections containing the transverse (T) 
and normal (N) directions. For general microstructural characterization, 
cross-sections of the specimens were polished according to standard 
metallographic procedures and etched with 2% Nital solution. Micro-
structural features were studied by using a Keyence VK-X200 laser 
scanning confocal microscope (LSCM) and a Zeiss Sigma field emission 
scanning electron microscope (FESEM) equipped with an electron 
backscatter diffraction (EBSD) facility. High resolution microstructure 
characterizations were conducted using a 200 kV Joel JEM-2200FS 
energy-filtered scanning transmission electron microscope (EFTEM/ 
STEM). The details on the TEM samples preparation can be found else-
where [18]. The FESEM-EBSD was used for recording the EBSD phase 
orientation and pole figure maps using an accelerating voltage of 15 kV 
and a working distance of 15 mm, with the corresponding step size and 
tilt angle of 0.2 μm and 70◦, respectively. An EBSD inverse pole figure 
data was used for prior austenite grain boundary reconstruction, based 
on an assumed K–S orientation relationship between the austenite and 
resultant martensite. The Matlab software supplemented with MTEX 
texture and crystallography analysis toolbox [23] was employed for the 
grain reconstruction. Prior austenite grain sizes were estimated based on 
the equivalent circle diameters (ECD) of grains. Austenite pools in lath 
structure were detected in EBSD using the EDAX-OIM acquisition and 
analysis software. The step size used was 40 nm. All the specimens for 
XRD, FESEM and EBSD were polished to mirror finish using a silica 
suspension (0.04 μm) in the final step according to the standard pro-
cedure. A JEOL JXA-850FPlus field emission electron probe micro-
analyzer (EPMA) was used to detect the local variation of Mn and other 
alloying elements. The effect of variation on the phase transformations 
was assessed using a JMatPro version 12.2 (Sente Software Ltd., 
Guildford, UK). 

For conducting tensile tests on QP and ART treated samples, two 
rectangular blocks of dimensions ~120 × 75 × 55 mm were cut from 
each of the cast ingots. These blocks were first soaked at 1250 ◦C for 2 h 
in a furnace, followed by thermomechanical rolling on a two-high 
reversing laboratory rolling mill. The rolling schedule comprised of 
seven passes, each of about 0.3 strain to reach the final thickness of 6 
mm. Reheating after the third pass was needed in order to complete the 
final rolling pass at 900 ◦C. After the last pass, the QP samples were 
quenched to TQ (Steels A and B: 100 ◦C, Steel C: 150 ◦C) and then moved 
directly to a furnace maintained at TP (Steels A and C: 400 ◦C, Steel B: 
350 ◦C) and held for tP = 1000 s to facilitate partitioning followed by 
quenching to RT. After the last pass, the ART samples were quenched to 
RT and later moved to a furnace maintained at TR (Steels A and C: 
710 ◦C, Steel B: 630 ◦C) and ART treated for tR = 1000 s in the case of 
Steels A and B and for tR = 5000 s in the case of Steel C, followed by 
quenching to RT. The hot rolled samples were coded as TMR-QP and 
TMR-ART. Tensile tests samples of size ∅4 mm (d), 25 mm length of 
reduced section (LC) and gauge length 20 mm (L0), were machined ac-
cording to the standard ASTM E8/E8M − 16a, with the axis of the bar 
parallel to the rolling direction in the rolling plane. Results of limited 
tensile tests conducted on both the QP and ART specimens are presented 
here, carried out at RT at a constant true strain rate of 0.008 s− 1 (0.0025 
s− 1 before the yield point). Vickers hardness measurements were carried 
out for all Gleeble-tested DQ, QP and ART specimens in the center of the 
samples using a load of 98 N (HV10). Similarly, the hardness values 
(HV10) of TMR-QP and TMR-ART samples were measured in the center 
of the T-N plane of the rolled plates. 
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3. Results 

3.1. Initial microstructure and segregation characteristics 

Prior austenite reconstruction was carried out for DQ samples, as 
shown in Fig. 1 (a), so that the initial grain structure prior to subsequent 
processing steps could be assessed. Reconstructed austenite grains of 
strained samples, estimated as ECDs, along with relative area fractions 
of different sizes, are shown in Fig. 2. While Steel A exhibited a bimodal 
grain distribution, the distributions were positively skewed in Steels B 
and C. The structures comprised of both coarse as well as fine grains with 
the size distribution widely ranging between 10 and 50 μm. The mean 
prior austenite grain sizes (PAGS) for Steel A, B and C were estimated as 
20, 18 and 24 μm, respectively indicating the very close variation, and 
the corresponding medians were 17, 17 and 22 μm, respectively. 

Because the PAGS of Steels A, B and C varied in a narrow range, there 
were not any appreciable differences in respect of microstructural ho-
mogeneity. In the case of DQ samples cooled directly to RT after aus-
tenitization and straining, most of the austenite phase transformed to 
lath martensite, but a small fraction (2–6%) of austenite was also 

retained at RT. 
EPMA analyses carried out on dilatation samples for linear analysis 

(Fig. 1c) revealed significant segregation of Mn, Ni and Si in Steels A, B 
and C, unlike carbon, which was distributed evenly, except for the 
presence of some precipitates. As an example, Fig. 3 shows that Mn 
varied approximately between 2.5 and 4.5, 3.5–5.5 and 2.5–4.5% in 
Steels A, B and C, respectively. Ni and Si were found to have enriched in 
same regions along with Mn. Obviously, soaking at 1200 ◦C for 2 h prior 
to hot rolling and later reheating at 1150 ◦C for 4 min during physical 
simulation experiments were insufficient for homogenization of the cast 
structure. 

3.2. Determining transformation temperatures 

3.2.1. Calculated phase equilibria 
The Thermo-Calc (TCFE 8) software was used to calculate the phase 

transformation temperatures Ae1 and Ae3 of the steels. Fig. 4 shows that 
the austenite phase becomes stable above 600 ◦C for Steels A and C (620 
and 605 ◦C, respectively) and the ferrite phase disappears above 780 and 
790 ◦C, respectively. Thus, the corresponding intercritical Ae1–Ae3 range 

Fig. 2. The reconstructed prior austenite grain structure of the strained DQ samples: a) Steel A, b) Steel B and c) Steel C. The corresponding relative area fractions of 
grains vs. prior austenite equivalent circle diameters plotted as bar charts are also included as a’), b’) and c’, respectively. 
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is only 160 and 185 ◦C, respectively, for Steels A and C. In comparison, 
the austenite transformation begins at a considerably lower temperature 
of 485 ◦C (~1%) in Steel B and the full austenitization is realized at 
about 730 ◦C, resulting in a much wider intercritical Ae1–Ae3 range of 
245 ◦C. However, at 600 ◦C, only about 15% austenite exists in Steel B. 
Steel C also contains 0.2% V, and it has relatively higher Mo (0.4%) 
content compared to the other two steels (0.2% Mo). Apparently, these 
two alloying elements have a marginal influence on the stability of 
austenite, unlike Mn and C, which exert a significant effect. This 
conclusion is consistent with that of Cai et al. [21], who showed that Mo 
and Nb microalloying elements only have minor contribution to the 
thermal stability of RA at high-temperatures in the range 625–750 ◦C, 
compared to the notable stabilizing effect of C and Mn in the austenite. 

3.2.2. Transformations during QP 
According to dilatometric runs, the MS temperatures for Steels A, B 

and C were about 280, 230 and 285 ◦C, respectively. Before the bulk 
transformation, a small fraction of martensite noticeably started to form 
earlier at slightly higher temperatures, obviously because of the afore-
mentioned segregation of Mn (Fig. 3) and presumably also of Si and Ni, 
which might have altered the local phase transformation temperatures. 
According to EPMA analyses, Mn, Si and Ni were segregated in the same 
locations. As an example, the variation of Mn content is shown in Fig. 3. 
The JMatPro calculations predicted a difference as high as 100 ◦C be-
tween the MS temperatures of Mn-, Si-, and Ni-depleted regions and the 
adjoining areas enriched with these elements for the investigated steels. 

Fig. 5 shows the variations of the diameters of specimens following 
quenching to respective TQ temperatures of the three steels, followed by 
holding up to 1000 s during partitioning at different temperatures (TP) 
in the range 200–500 ◦C. During the heating and at the start of holding at 
a given TP, there are some electronic control-related fluctuations, which 
explain the oscillatory peaks seen in the plots. After reaching the TP, the 
dilatation indicates a minor gradual expansion during holding at TP up 
to 400 ◦C (about 0.03%), but this can be considered essentially due to 
carbon partitioning, and is insignificant compared to observations made 
in some earlier works for QP steels containing relatively low Mn con-
tents of ≤2% [18,24]. Thus, the possibility of bainite transformation that 
can occur in these steels resulting in appreciable expansion is evidently 
mitigated here during partitioning for 1000 s. An exception is the 
occurrence of bainite transformation in Steel A at TP = 500 ◦C, starting 
at about 40 s resulting in about 0.07% expansion during holding. It is 
probable that areas depleted of Mn, Si and Ni, in combination with 
possible precipitation of carbides at TP = 500 ◦C, enabled formation of 
bainite during partitioning [25]. According to JMatPro calculations, 
depletion of Mn, Ni, Si and C would tend to move the bainite nose of 
local time-temperature-transformation (TTT) C-curves towards shorter 
times and higher temperatures. On the other hand, relatively higher Mn 
and Ni contents in Steel B, and addition of V (0.2%) and relatively higher 
Mo (0.4%) in Steel C, prevented bainite formation even at TP = 500 ◦C 
due to high hardenability, i.e., V significantly impedes the formation of 
bainite even at high bainitizing temperatures (475–500 ◦C), together 
with Mo that reduces the carbon diffusion rate in ferrite [26,27]. 

Fig. 3. Variation of Mn content in Steel A, B and C (a, b and c, respectively) on dilatation samples for linear analysis. Mn bands recorded on Gleeble specimens 
correspond to T-N section of hot rolled plates. 

Fig. 4. Equilibrium fractions of austenite (A), ferrite (F) and cementite (C) calculated for Steels A, B and C using the Thermo-Calc software.  
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Furthermore, according to Santofimia et al. [28], the change in diameter 
related to carbon partitioning alone can be on the order of 0.01–0.03% 
for 0.15–0.41 wt% carbon steels. Thus, the limited expansion seen in our 
steels can be attributed to carbon partitioning alone, though other 
mechanisms reported in literature such as ledged formation of 
isothermal martensite can also contribute to expansion, though it needs 
further investigation. 

After the partitioning stage, the dilatation measurements during final 
quenching to RT revealed that only a small fraction of high carbon, 
untempered fresh martensite (FM) formed as well, as seen in Fig. 6. 
Arrows in this figure show the start of formation of FM (around 
140–160 ◦C). The most significant change in the slope was seen for Steel 
C partitioned at 200 ◦C, compared to other steels. 

The fractions of RA along with their average carbon contents are 
shown in Fig. 7. It is seen that after partitioning for 1000 s at different 
temperatures in the range 200–400 ◦C, the RA fractions in Steel A 
remained practically constant at about 10%, but increased gradually 
from 13 to 26% in Steel B, and from 7 to 17% in Steel C. Thus, the 
highest RA fractions were achieved in Steel B, obviously as a conse-
quence of higher fractions of austenite stabilizing elements, viz., Mn and 
Ni. The TQ temperature (150 ◦C) of Steel C was higher than that of other 
steels by 50 ◦C and resulted in relatively higher RA fractions compared 
to that of the similarly alloyed Steel A. Calculation of martensite frac-
tions using the lever rule at the TQ temperatures for different steels 
confirmed that the untransformed austenite contents in the samples 
varied in a small range of 17–26% before the start of partitioning process 
at different temperatures. It is possible that Steel A had lower than 17% 
untransformed austenite fraction to begin with at TQ = 100 ◦C, and 
therefore, RA content remained practically constant at about 10–11% 
suggesting insignificant decomposition during partitioning at different 

temperatures and/or subsequent cooling. This, however, requires 
further investigation. In contrast, Steel B samples presumably had well 
above 20% untransformed austenite fraction at TQ = 100 ◦C, as 
confirmed by the presence of 26% RA following partitioning at TP =

400 ◦C. Predictions based on Equation (1) suggest that the average 
carbon concentration in austenite attained a peak value of about 1 wt% 
at TP = 350 ◦C in all steels. In the case of partitioning at TP = 500 ◦C, the 
RA fractions dropped significantly to about 3% in Steel A and 6% in 
Steels B and C. In consistence, Ayenampudi et al. [25] in their study on a 
Fe-0.3C-4.5Mn-1.5Si steel showed that following quenching at a tem-
perature corresponding to 40% untransformed austenite and subsequent 
holding at TP = 500 ◦C for 1 h, did not stabilize any RA because of 
significant austenite decomposition into pearlite and formation of car-
bides in martensite (tempering). The fractions of RA along with their 
average carbon contents for DQ Steel A, B and C were 3% and 0.65 wt%; 
6% and 0.59 wt%; 2% and 0.49 wt%, respectively. 

3.2.3. Transformations during ART 
In Gleeble simulation tests, dilatation data were recorded during the 

final cooling to RT, in order to be able to discern the possible fresh 
martensite (FM) formation and their start temperatures (FMs). The FMs 
for the bulk transformation after different reversion annealing temper-
atures (TR) and times (tR) are shown in Table 2. The table also includes 
the fractions of RA and carbon contents of RA (Equation (2)) after ART 
treatments. Overall, the FM constituents, those above RT, are seen to 
increase with increasing ART temperature and/or time revealing the 
decreasing thermal stability of austenite. Notably, under present ART 
conditions, the FM start temperature (FMS) for Steels B and C were close 

Fig. 5. Variation of specimen diameter with partitioning time at different temperatures. TQ temperatures for Steel A and B was 100 ◦C and for Steel C 150 ◦C.  

Fig. 6. Formation of fresh martensite in QP treated Steel C during final cooling 
to room temperature from the partitioning. The arrow marking the inflexion in 
the cooling curve for TP = 200 ◦C shows the start of the high carbon, untem-
pered (fresh) martensite formation. 

Fig. 7. Retained austenite fractions of QP specimens along with their average 
carbon contents. 
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to or below RT after annealing at the lowest TR temperatures. The RA 
fraction increases with increasing ART temperature up to a certain point 
(close to 660 ◦C on Steel B), beyond which it drops steeply, obviously 
due to significantly higher fractions of austenite to start with, a signif-
icant fraction of which transforms during final cooling due to lower 
stability. At low temperatures, RA fraction increases with prolonged 
holding. This is consistent with earlier observation for medium-Mn 
steels [2]. The highest RA fractions, up to 49%, were obtained in Steel 
B via annealing at 660 ◦C for 5000 s, while no FM was formed. In Steel B, 
at the lowest TR = 630 ◦C, the carbon content of RA was seen to increase 
with increasing tR probably due to dissolution of carbide. In Steels A and 

C, pronounced scatter seems to exist in the results of physical simulation 
experiments, when ART treated at the low TR of 690–710 ◦C, which 
might be related to a narrow Ac3–Ac1 range of these steels as well as 
segregation-related variation in composition. At 710 ◦C, Steel B retained 
lower RA than Steels A and C, as the corresponding FMS was also higher, 
see Table 2. 

3.3. Microstructural features 

In addition to the RA fractions given in the prior section, the other 
microstructural features of the QP and ART processed steels were 

Table 2 
The start temperatures (FMs) of bulk transformation to fresh martensite and retained austenite fractions at RT for ART specimens.  

Time Steel A Steel B Steel C 

tR [s] TR [◦C] RA [vol%] RAC [wt.%] FMS [◦C] TR [◦C] RA [vol%] RAC [wt.%] FMS [◦C] TR [◦C] RA [vol%] RAC [wt.%] FMS [◦C] 

100 710 18 0.38 160 630 13 0.35 – 690 26 0.62 – 
1000 710 22 0.46 130 630 25 0.49 – 690 18 0.66 – 
5000 710 11 0.40 160 630 27 0.53 – 690 26 0.45 90 
100 730 7 0.41 220 660 27 0.55 – 710 17 0.40 120 
1000 730 9 0.33 220 660 36 0.56 – 710 12 0.44 100 
5000 730 5 0.36 220 660 49 0.55 – 710 24 0.63 110 
100 750 9 0.39 240 690 18 0.35 90 730 6 0.40 200 
1000 750 4 0.34 260 690 7 0.48 160 730 10 0.44 210 
5000 750 5 0.32 280 690 13 0.32 150 730 9 0.38 200 
100 770 5 0.34 270 710 12 0.32 200 750 6 0.31 260 
1000 770 6 0.36 280 710 11 0.34 200 750 5 0.38 240 
5000 770 4 0.32 280 710 9 0.32 200 750 5 0.40 250  

Fig. 8. Laser scanning (a,c,e) and SEM (b,d,f) micrographs of QP treated specimens. a) and b) Steel A processed at TQ = 100 ◦C, TP = 300 ◦C and tP = 1000 s; c) and 
d) Steel B processed at TQ = 100 ◦C, TP = 350 ◦C and tP = 1000 s; e) and f) Steel C processed at TQ = 150 ◦C, TP = 400 ◦C and tP = 1000 s. The compression axis 
is vertical. 
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examined. Representative examples of LSCM and SEM images recorded 
on QP treated steels are shown in Fig. 8. The structure consisted pri-
marily of tempered martensitic ferrite with lath-like features, besides the 
presence of some blocky islands of fresh martensite/retained austenite 
(MA). Presence of fine interlath RA films, if any, could not be discerned 
from these micrographs. According to LSCM images, the overall mi-
crostructures comprised primarily of martensitic laths for all steels, as 
shown in Fig. 8a, c and 8e. Despite the presence of strong graphitizers in 
the steels, viz., 1% Si and 0.5% Al, tempering of martensite during the 
partitioning process led to the formation of intralath fine carbides, even 
at temperatures as low as TP = 200 ◦C, the extent of precipitation 
increasing with increasing TP (Fig. 8b, d and 8f). Also, the largest MA 
regions had a blocky appearance and some substructures could also be 
seen at higher magnifications at least in the case of low TP temperatures 
(Fig. 8b and d, for Steels A and B), but these substructures were not quite 
apparent at high TP temperatures (Fig. 8f, for Steel C) by SEM obser-
vation. In spite of the Al and Si alloying, the investigated steels revealed 
the occurrence of precipitation, most probably the formation of transi-
tion carbides. Being a strong graphitizer, Si suppresses the cementite 
precipitation because of its low solubility into cementite. However, it 
has a high solubility in transition carbides and tends to stabilize them 
once formed [29]. 

Compared to the QP specimens, the ART specimens exhibited 
notably different microstructural features. The austenitic areas were 
relatively more elongated (lath-shaped) as compared to the blocky MA 
islands seen in the QP samples, as representatively shown in Fig. 9. 
LSCM images exhibited generally lath structure, as seen in Fig. 9a, c and 
9e. Furthermore, SEM microstructures recorded on Steels A and C, 

shown in Fig. 9b and f, depicted features comprising mainly of FM with 
some RA and ferrite (F), whereas Fig. 9d showing the SEM microstruc-
ture of Steel B displayed features mainly consisting of tempered 
martensite (TM) along with some fine F, RA and also some carbides, as 
also predicted by thermodynamic calculations using the Thermo-Calc 
software (Fig. 4). In Fig. 9b, d and 9f uniform darker and somewhat 
deeper areas correspond to F, whereas somewhat rough, heterogeneous 
areas are martensite and/or RA [30]. TM could be identified because it 
was easy to etch compared to FM [31]. However, F and RA were 
confirmed by cross-checking the SEM micrographs with EBSD phase 
maps. Arlazarov et al. [32] proposed different transformation mecha-
nisms during the intercritical annealing. Polygonal and lath-like mor-
phologies were observed for both F and RA. In Mn-rich areas, the 
austenite transformation started at relatively lower temperatures and 
austenite formation preceded ferrite recrystallization. It means that the 
density of dislocations would decrease in the matrix due to phase 
transformation and consequently, it can affect both recovery and 
recrystallization processes. The lowered stored energy can prevent 
recrystallization of ferrite grains and instead, fibrous austenite grows 
mainly along lath boundaries affecting lath-like appearance of ferrite. In 
the Mn-lean areas, the recovery is less affected by phase transformation 
and ferrite recrystallization may start before or at the same time with 
austenite formation. As a result ferrite grains may form in the Mn-poor 
regions [32]. 

The morphology of RA was also investigated by EBSD and examples 
of image quality (IQ) maps superimposed with phase maps are shown in 
Fig. 10a and b for QP treated (TQ = 100 ◦C, TP = 350 ◦C, tP = 1000 s) and 
ART treated (TR = 710 ◦C, tR = 1000 s) Steel A specimens, respectively. 

Fig. 9. Laser scanning and FESEM micrographs of ART specimens. a) and b) Steel A processed at TR = 710 ◦C and tR = 1000 s (22% RA); c) and d) Steel B processed at 
TR = 660 ◦C and tR = 5000 s (49% RA); e) and f) Steel C processed at TR = 710 ◦C and tR = 5000 s (24% RA). The compression axis is vertical. 
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A general comparison indicates that in the QP structures RA exists 
mainly in pool/blocky shape, whereas in ART structure, it is present 
mainly as interlath films, though some pools can also be seen. Presence 
of fine films of interlath austenite, if any, in QP structure cannot be 
discerned by EBSD measurements due to the limits of resolution (0.12 
μm). The RA fractions determined by EBSD will be compared later with 
those measured by XRD in discussion section that will confirm further 
the presence of largely blocky austenite in QP in comparison to fine 
interlath RA in ART-treated structures. 

To investigate further the qualitative details of fine lath structures as 
well as the morphology, location and size ranges of RA, TEM examina-
tions were performed using both the bright field (BF) and dark field (DF) 
imaging. An example of microstructure recorded on QP treated (TQ =

100 ◦C, TP = 350 ◦C and tP = 1000 s) Steel B sample containing about 
20% RA, is shown in Fig. 11. The presence of austenite phase was 
identified by indexing relevant diffraction patterns. Fig. 11 shows a) BF 
and b) DF images (light colored) clearly show the presence of films of 
interlath austenite, suggesting that the microstructure does also contain 
film-like austenite laths, and not just micrometer-scale pools, discerned 
in EBSD measurements (Fig. 10). 

An example of lath martensite observed in an ART-treated (TR =

710 ◦C, tR = 5000 s) Steel C specimen and corresponding DF (light color) 
image showing the presence of interlath RA, is shown in Fig. 12a and b, 
respectively. The lath-shaped ferrite, inherited from annealed 

martensite, presumably forms the part of the image, but is difficult to 
distinguish. 

3.4. Hardness 

The effect of partitioning temperature on the hardness of QP pro-
cessed steels, all held isothermally at a given TP temperature for 1000 s, 
is shown in Table 3. The table also includes the measurements made on 
the DQ specimens. The hardness data of QP specimens indicated a 
monotonic softening with the increase in partitioning temperature up to 
500 ◦C. 

Table 4 presents the variation seen in the hardness values of ART 
processed specimens retelling the complexity of phases encountered 
with a particular reversion treatment, i.e. FM, TM, F and RA. The ART 
carried out at highest temperatures promote the formation of the hard 
FM. More details about these variations in hardness values in relation to 
ART processing conditions will be presented in the Discussion section. 

3.5. Tensile properties 

To understand the effect of QP and ART treatments on the tensile 
properties of these steels, TMR-QP and TMR-ART trials were carried out 
based on the conditions relevant to achieve the targeted UTS (~1500 
MPa), estimated on the basis of hardness around 500 HV of Gleeble 

Fig. 10. FESEM-EBSD measurements showing a) blocky austenite in QP treated (TQ = 100 ◦C, TP = 350 ◦C, tP = 1000 s) and b) fine interlath RA in ART treated (TR =

710 ◦C, tR = 1000 s) Steel A specimens. Image quality (IQ) maps superimposed with phase maps showing the different morphology of RA (in red color). (For 
interpretation of the references to color in this figure legend, the reader is referred to the Web version of this article.) 

Fig. 11. TEM micrograph recorded on Steel B specimen QP treated at TQ = 100 ◦C, TP = 350 ◦C and tP 1000 s: a) BF image showing lath martensite with interlath 
austenite and b) corresponding DF image revealing the interlath austenite (Inset: SAED pattern showing spots for austenite with <111> zone axis). 
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samples. The corresponding QP and ART processing parameters are 
given in Table 5. Fig. 13 shows typical engineering stress-strain curves of 
these TMR-QP and TMR-ART processed steels. The tensile curves of 
TMR-ART treated samples do show relatively higher strain hardening 
capacity and UEL (Table 5) as a result of strain induced martensitic 

transformation, which is not clearly discernible in the case of TMR-QP 
samples exhibiting high strength levels. The average YS, UTS, uniform 
elongation (UEL) and TEL obtained on tensile test samples are listed in 
Table 5 (average of three tensile tests each). The corresponding RA 
fractions are also included in Table 5. As expected from the higher 
hardness, the QP processed samples showed relatively higher YS and 
UTS compared to ART treated ones, though with somewhat lower UEL 
and TEL. The ART processed Steel A (24600 MPa%) and QP processed 
Steel B (23660 MPa%) exhibited the highest UTS*TEL products among 
the two groups, though the YS of the former is less than half of the latter. 
A detailed discussion encompassing the influence of microstructure, 
amount of RA and its carbon content and alloying elements on the 
tensile properties are presented in the next section. 

4. Discussion 

Two simulated processing routes consisting of both the QP and ART 
treatments were employed for three steels with the base composition of 
Fe-0.3C–1Si-0.5Al and 3–4% Mn, 1–2% Ni, and 0.2–0.4% Mo, besides 
Steel C contain 0.2% V. Thus the aim was to have leaner alloying than 

Fig. 12. TEM micrograph recorded on Steel C specimen ART treated at TR 710 ◦C and tR 5000 s: a) BF image showing lath martensite with inter-lath austenite b) 
corresponding DF image showing interlath austenite (Inset: overlapping SAED patterns showing spots for austenite with <110> and ferrite with <111> zone axis). 

Table 3 
The mean Vickers hardness values of the investigated QP samples.  

Partitioning Steel A Steel B Steel C 

TP [◦C] tP [s] HV10 HV10 HV10 

200 1000 559 ± 9 538 ± 10 571 ± 14 
250 1000 518 ± 11 513 ± 3 508 ± 9 
300 1000 512 ± 8 495 ± 11 493 ± 7 
350 1000 508 ± 7 486 ± 5 490 ± 9 
400 1000 481 ± 12 456 ± 5 486 ± 8 
500 1000 403 ± 12 429 ± 11 452 ± 12 

DQ – 594 ± 12 573 ± 23 582 ± 12  

Table 4 
The mean Vickers hardness values of investigated ART samples.  

Steel A Steel B Steel C 

TR 

[◦C] 
tR [s] HV10 TR 

[◦C] 
tR [s] HV10 TR 

[◦C] 
tR [s] HV10 

710 100 526 ±
24 

630 100 568 ±
35 

690 100 421 ±
0 

710 1000 477 ±
15 

630 1000 361 ±
10 

690 1000 404 ±
15 

710 5000 504 ±
41 

630 5000 340 ±
8 

690 5000 407 ±
27 

730 100 591 ±
13 

660 100 383 ±
0 

710 100 500 ±
19 

730 1000 576 ±
10 

660 1000 361 ±
13 

710 1000 529 ±
14 

730 5000 576 ±
10 

660 5000 332 ±
7 

710 5000 464 ±
21 

750 100 601 ±
16 

690 100 538 ±
15 

730 100 577 ±
12 

750 1000 598 ±
12 

690 1000 551 ±
8 

730 1000 557 ±
14 

750 5000 587 ±
15 

690 5000 551 ±
40 

730 5000 542 ±
15 

770 100 608 ±
6 

710 100 581 ±
12 

750 100 606 ±
8 

770 1000 584 ±
12 

710 1000 598 ±
12 

750 1000 584 ±
18 

770 5000 577 ±
8 

710 5000 578 ±
19 

750 5000 566 ±
13  

Table 5 
Tensile propertiesa obtained with laboratory rolled steels.  

Material & 
Processing 
conditions 

YS 
[MPa] 

UTS 
[MPa] 

UEL 
[%] 

TEL 
[%] 

UTS 
*TEL 
[MPa%] 

RA 
[wt. 
%] 

Steel A-QP (TQ =
100 ◦C TP =
400 ◦C tP =
1000s) 

1450 1760 2 9 15840 6 

Steel B-QP (TQ =
100 ◦C = TP 
350 ◦C tP =
1000s) 

1360 1690 5 14 23660 16 

Steel C-QP (TQ =
150 ◦C TP =
400 ◦C tP =
1000s) 

1020 1530 8 13 19890 15 

Steel A-ART (TR =
710 ◦C tR =
1000s) 

600 1230 15 20 24600 33 

Steel B-ART (TR =
630 ◦C tR =
1000s) 

1050 1200 9 18 21600 11 

Steel C-ART (TR =
710 ◦C tR =
5000s) 

690 1630 11 13 21190 28  

* Average of 3 tensile tests. 
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generally seen in medium-Mn steels, particularly in respect of Mn. It is 
conventionally considered that a high fraction and relatively low sta-
bility are favorable characteristics of RA for TRIP-enhanced mechanical 
properties [2]. As presented in the previous section, a wide range 
(3–49%) of RA fractions were obtained through the two processing 
routes with varying morphology, size and carbon contents of the 
austenite grains. The tensile properties obtained in the QP or ART pro-
cessed samples (section 3.5) were analyzed in respect of these RA con-
tents, in corroboration with microstructural features from Gleeble 
simulation (section 3.3) as well as hardness data measured for various 
processing conditions (section 3.4 and 3.5), as presented in the following 
discussion. The range of tensile properties which might be achieved in 
manufacturing of these lean-alloyed medium-Mn steels (Table 5), will 
hold the key to their applications. 

4.1. Evolution of RA fraction in QP and ART 

It is well known that in QP treatment the RA fraction reaches a 
maximum at a certain Tp for a given partitioning time, temperature 
slightly higher than the temperature corresponding to the maximum 
carbon content in RA [4]. As revealed in the present experiments, this TP 
is 400 ◦C for a fixed tP of 1000 s for all the steels, though a high value is 
seen most distinctly for Steel B. The corresponding maximum C content 
varied in a narrow range of 0.94–1.08% at 350 ◦C (constant tP = 1000 s) 
for all the steels. The MS temperature of RA can be approximately 
determined using the estimated average carbon content in the following 
empirical equation [33]:  

MS (◦C) = 539–423C – 30.4Mn – 12.1Cr – 17.7Ni – 7.5Mo + 7.5Si       (3) 

According to Equation (3), carbon enrichment of the order of 0.9% in 
RA implies MS temperatures of about 59, 11 and 58 ◦C for Steel A, B and 
C, respectively, suggesting that an ultrafine grain size may not be 
necessary to stabilize RA, though grain refinement is known to be an 
effective way of improving austenite stability [2]. On the other hand, RA 
fractions and corresponding carbon content determination are based on 
XRD measurements, which provide only average results based on the 
carbon contents for approximately 1–3 mm2 areas on specimen surface 
layers. This means that the deviation of carbon content in RA at 
micrometer-scale cannot be ascertained by XRD, and therefore, the 
stability of austenite can vary significantly, not only in austenite pools, 
but also in interlath films as well as from one location to another. 

Based on RA fractions obtained after ART (Table 2), it is apparent 
that in Steel B, the amount of RA increased significantly with increasing 
TR from 630 to 660 ◦C, beyond which it decreased (Fig. 14), in agree-
ment with previous observations [2,32]. It is also seen that RA increased 
with the holding duration at 630 and 660 ◦C, whereas the RA fractions 
decreased with holding time at higher temperatures. Furthermore, from 
Fig. 14 and Table 2, it is apparent that the equilibrium austenite fraction 
at 660 ◦C is about 50%, as also predicted by thermodynamic calculations 
(Fig. 4b), i.e., not only the equilibrium austenite level was reached 
within 5000 s, but also most of this austenite was retained at RT. Ac-
cording to Zhang et al. [14], mainly acicular (lath) austenite was 
enriched with C and Mn, while relatively weak enrichment of Si 
occurred into TM. MS temperature predicted for the determined 
composition of Fe-0.6C–8Mn–1Si-0.2Mo using Equation (3) is 48 ◦C, 
which confirms that no significant FM is expected to form during final 
cooling to RT. 

According to Arlazarov [34], an Fe-0.1C-4.6Mn steel reached an 
equilibrium austenite fraction of 36% at 650 ◦C within 7 h, whereas after 
5000 s, the RA fraction was 30% with the corresponding Mn-content of 
≈9%. In the present experiments, at a higher TR of 660 ◦C, the diffusion 
rates of the solute atoms are somewhat faster and the carbon content of 
the steels is higher (0.3%), so the equilibrium RA content can be ex-
pected to be realized within 5000 s, and practically all the austenite to be 
stabilized to RT. Longer holding might result in lowering of RA fraction 
due to the reduction in the stability of austenite because of grain growth 
and formation of FM during final cooling. This is as observed in 
annealing at 660 ◦C (Fig. 14). 

From the present data (Table 2) it seems that even at 630 ◦C, the RA 
fraction of 27% corresponding to the calculated equilibrium austenite 
fraction (Fig. 4b) was achieved within 5000 s. This is presumably as a 
result of accelerated diffusion in the martensite laths as well as short 
diffusion distances due to fine division of austenite [32,35]. It can be 
discerned that a shorter holding of 1000 s at 660 ◦C did not provide the 
equilibrium level of RA. 

Alloying with high Mn and Ni in the steel (Steel B) is beneficial for 
stabilizing high RA fractions, close to the predicted equilibrium levels. In 
Steel B, the maximum RA fraction of 49% was accomplished, whereas in 
Steels A and C, they were about 22 and 26%, respectively, though this 
was a result of higher annealing temperatures applied (Table 2). At TR =

710 ◦C, Steels A and C exhibited higher RA fractions than that in Steel B. 
This is due to low stability of the high RA fraction in Steel B resulting in 
pronounced formation of FM in cooling (see FMS values in Table 2). As 
seen from ThermoCalc calculations in Fig. 4, a certain austenite fraction 
is obtained at TR about 40 ◦C lower in Steel B than in Steels A and C. This 
results from higher contents of Mn and Ni in Steel B and the addition of 
Mo and V in Steel C. 

Fig. 13. Engineering stress-strain curves of the TMR-QP and TMR-ART 
treated steels. 

Fig. 14. RA as a function of TR at different annealing times for ART treated 
Steel B. 
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4.1.1. Austenite fractions and morphology 
For high tensile properties, particularly for excellent ductility, a 

relatively high fraction (above 20%) of RA is desired and its stability 
should be moderately high to enhance the TRIP effect. On the other 
hand, even the TWIP effect can be activated in certain medium-Mn al-
loys to further improve the ductility [8]. According to Arlazarov et al. 
[36] an ultrafine-sized austenite (especially lath-like) is more stable 
against strain-induced transformation. Additionally, large RA islands or 
pools can transform more rapidly to martensite at low strains in com-
parison with the fine-sized RA, thereby leading to lower uniform elon-
gation values. 

As mentioned, both the XRD and EBSD techniques were applied to 
determine RA fractions after the QP and ART treatments. While XRD 
method determines the bulk fraction of RA regardless of the size, the 
EBSD technique is limited by its resolution (step size 40 nm; 0.12 μm in 
the present examinations) that prevents detection of finest RA grains 
and/or films. EBSD can only show local areas and hence for statistically 
significant estimation, several measurements are often necessary. In the 
present work, areas of 485 μm2 each were examined. Therefore, a 
comparison of RA fractions estimated from XRD and EBSD measure-
ments can indirectly reveal possible differences in the size and 
morphology of RA grains. 

The RA fractions determined using both the XRD and EBSD tech-
niques for selected Gleeble treated QP and ART specimens are listed in 
Table 6. It is seen that the measurements are close to each other for the 
QP specimens. Thus, this result suggests that most of RA in QP treated 
steels are blocky-shaped, located in pools alongside some elongated lath- 
like grains. The blocky type RA would generally have lower mechanical 
stability compared to the one with film-like morphology [37]. The RA 
was quite stable to resist the phase transformation due to polishing 
during sample preparation for EBSD. Presence of some very fine inter-
lath RA could not be detected by EBSD, though revealed by TEM mi-
croscopy. However, this fraction could be small. Contrarily, in the case 
of DQP treated Fe-0.3C–2Mn-0.6Si-1.1Al-2.2Cr and 
Fe-0.3C-1.9Mn–1Si–1Cr steels, most of RA was identified as finely 
divided films between martensitic laths [12]. Because of Mn segregation 
(Fig. 3), presumably a fraction of austenite grains in Mn-enriched areas 
remained untransformed during quenching to TQ and exhibited the 
blocky-shaped morphology. Contrarily, Steel C possessing the higher Mo 
and V contents exhibited higher amounts of fine RA (Table 6) [38]. On 
the other hand, the EBSD analyses of ART samples of Steels A and C 
revealed RA fractions lower than those predicted by the XRD measure-
ments. This can be interpreted that there were appreciable fractions of 
ultrafine austenite below the resolution limit of EBSD in these cases. A 
high temperature ART treatment at 710 ◦C led to the intergranular 
austenite growth with globular morphology and correspondingly the 
average Mn concentration of austenite decreased [14,39]. It is known 
that RA grains at ferrite grain boundaries have lower stability compared 
to the ones inside ferrite grains and between martensite laths (interlath 
acicular austenite) [40]. During quenching, globular or blocky austenite 
transforms to FM and RA is mainly in the form of fine interlath austenite. 

It seems that blocky-like RA is difficult to avoid in QP processed 
medium-Mn steels [41,42]. To eliminate it and produce film-like RA, 
Wang et al. [41] developed a quenching, partitioning and cryogenic 
tempering process. According to Toji et al. [43], the RA can be stabilized 

on prior austenite grain boundaries, packet boundaries and block 
boundaries. From Table 6, it is clearly noticed that the differences in RA 
fractions estimated using XRD and EBSD measurements are significantly 
appreciable for the ART samples, contrary to the QP treated counter-
parts. This suggests that considerable fractions of RA (11, 11 and 19% 
for Steels A, B and C, respectively) existed as finely divided interlath 
films. Both austenite and ferrite laths remained moderately narrow 
(200–300 nm), which can be related to the slow diffusion rate of Mn in 
austenite [44], thus suggesting the high stability of austenite/ferrite 
microstructure. In the TEM study, a separate austenite SAED diffraction 
pattern could not be found in the ART treated specimen to verify the 
fineness of the RA and distinguish it from ferrite. Instead, only concur-
rent diffraction patterns of both austenite and ferrite phases were 
observed (Fig. 12). 

4.2. Effects of microstructure on hardness 

Hardness measurements were carried out in order to corroborate the 
influence of microstructural phase constituents. As seen in Table 3 for 
Gleeble treated QP specimens, an increase in TP expectedly resulted in a 
consequent decrease in hardness, though the hardness drop was small. 
In Steel A, the fraction of RA was practically constant in the TP range of 
200–400 ◦C, which suggests that the decrease in hardness was not as a 
result of increase in the RA fractions, contrary as previously observed in 
a study on a QP steel with a low Mn content [18]. Thus, the tempering of 
martensite must be the main reason for the softening. In all the steels, 
the carbon content of RA increased with the increasing TP temperature 
from 200 to 350 ◦C, which also resulted in lower contents of carbon in 
martensite. TQ temperatures were estimated based on the linear analysis 
of the dilatation curves to hold about 20% untransformed austenite. The 
corresponding TQ temperature for Steel C was accordingly higher 
(150 ◦C) compared to that of Steels A and B (100 ◦C). As mentioned 
earlier, Steel C was quenched at TQ = 150 ◦C, 50 ◦C higher than that for 
Steels A and B (TQ = 100 ◦C), and as a consequence, the fraction of RA in 
the steel was higher than in the rather similarly alloyed Steel A. At TP =

300 and 350 ◦C, the drop in hardness of Steel C seems to be slightly 
enhanced compared to that of Steel A, which might be a result from a 
significant higher RA fraction. However, the measured hardness of 
Steels A and C corresponding to TP = 400 ◦C was practically same, 481 
and 486 HV, respectively, despite the fact that the RA content in Steel C 
was higher (17% vs. 11%). Thus, the variation of hardness in these steels 
is complex. On the other hand, the hardness of Steel C partitioned at TP 
= 500 ◦C was higher than that of Steel A, even though the dilatation 
measurements indicated some formation of FM in Steel A. This can be 
attributed to the fact that the partitioning treatment especially at tem-
peratures as high as 500 ◦C promotes formation of pearlite and precip-
itation of carbides within the austenite films, as also reported in 
Ref. [45]. 

Hardness evolution of the ART specimens seemed to be even more 
complex than that in QP specimens, as shown in Table 4. Not only the 
temperature and duration of ART, but also the heating step to TR can 
plays a significant role in the evolution of the microstructure and cor-
responding mechanical properties [46]. A decreasing heating rate is 
conducive to the formation of austenite grains at different temperatures, 
resulting in more heterogeneous distribution of Mn inside an individual 
austenite grain and among different austenite grains [47]. Furthermore, 
a significant scatter in hardness values in some ART samples was 
probably as a consequence of multiphase microstructure, segregation of 
Mn, Si and Ni, combined with the narrow AC1-AC3 range. 

4.3. Comparison of properties achievable by QP and ART 

Based on the results obtained via Gleeble simulations, a few QP and 
ART treated samples prepared from laboratory hot-rolled sheets were 
preliminarily tested for tensile properties to enable estimation of me-
chanical properties such as tensile strength and elongation on bulk 

Table 6 
Retained austenite fractions of selected Gleeble samples measured using XRD 
and EBSD.  

Specimen RA XRD [vol%] RA EBSD [vol%] 

Steel A QP (TP = 350 ◦C) 10 8 
Steel A ART (TR = 710 ◦C, tR = 1000 s) 22 11 
Steel B QP (TP = 350 ◦C) 20 21 
Steel B ART (TR = 660 ◦C, tR = 5000 s) 49 38 
Steel C QP (TP = 350 ◦C) 17 11 
Steel C ART (TR = 710 ◦C, tR = 5000 s) 24 5  
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samples, unlike the use of small cylindrical specimens tested in the 
Gleeble simulator, which could only provide local hardness properties. 
The Gleeble data were analyzed to design QP and ART process schedules 
in respect of reheating, quenching and holding temperatures and times 
to conduct laboratory hot rolling. Quenching to TQ during hot rolling is 
one of the challenging stage of the QP process, whereas annealing the 
samples inside the narrow process window at TR close to 700 ◦C is one of 
the challenging tasks of the ART process. The RA fractions, carbon 
contents of RA and hardness data obtained on laboratory hot rolled and 
Gleeble samples are listed in Table 7. As shown in Table 7, there are 
differences between Gleeble and laboratory rolled samples in respect of 
RA and hardness data, particularly for ART-treated Steels A and B. One 
reason for these differences is due to the challenges encountered in 
controlling the TMR-ART processing. 

To investigate the stability of RA, XRD measurements were con-
ducted on the tensile tested specimens at about 0.5 mm from the fracture 
ends. Results are shown in Table 8. Only TMR-QP treated Steels A and C 
revealed small fractions of stable RA that did not undergo strain induced 
transformation during tensile testing, suggesting highly stabilized RA in 
these samples compared to TMR-QP treated Steel B. In the case of TMR- 
ART processed samples, RA fractions contained relatively lower carbon 
contents compared to those of TMR-QP processed samples (see Fig. 7 
and Table 2) regardless of the steel composition, and exhibited lower 
thermal stabilities. Accordingly, most of the RA fractions in these sam-
ples transformed to martensite during tensile deformation. Small frac-
tions of RA (<1%) may be present in Steels A and C (Table 8), though the 
results can be impaired by the resolution limit of XRD (±1%). 

It is seen that RA fractions vary between the steels and the processing 
routes. Further, as demonstrated by Suh et al. [48], the relationship 
between mechanical properties and RA fraction is quite scattered. Also 
Arlazarov et al. [36] indicated that different RA fractions can provide 
the same level of strength-ductility balance and, alternatively, the same 
RA fraction can result in different strength-ductility balances. This 
directly points to the fact that the strength-ductility balance is related to 
both the parameters, i.e., volume fraction as well as stability of RA 
(mostly composition and grain size). 

De Moor et al. [4] have investigated extensively tensile properties 
achieved in 0.2–0.3C and 3% and 5% Mn steels after the QP processing. 
In their experiments, relatively low RA fractions were obtained in the 
range 1–15% with widely varying processing parameters for the 

0.3C–3Mn-1.6Si steel. UTS levels ranged from 1450 to 1700 MPa and 
TEL from 11 to 18% (UTS x TEL 19–26 GPa%) [4], where 26 GPa% 
corresponded to RA of 11%. In the present study (Table 5), UTS after few 
selected laboratory hot-rolling and QP processing schedules ranged from 
1530 to 1760 MPa and TEL from 9 to 14% (UTS x TEL 16–24 GPa%). 
Thus, obviously by optimizing TQ, TP and ts parameters, it is possible to 
achieve good combination of strength and ductility even in 
QP-processed 3–4% medium-Mn steels (the targeted UTS of 1500 MPa 
with over 10% RA). 

It is distinguishable that different UTS and TEL levels have been 
reached via the ART treatment for 3.5–5% Mn steels. For comparison, 
the tensile test results corresponding to ART treated samples from other 
studies are listed in Table 9. Han et al. [49] reported relatively modest 
properties (YS 542 MPa, UTS 780 MPa, TEL 33%, UTSxTEL 28 GPa%) 
for a TRIP steel (Fe-0.27C-3.5Mn-1.1Si-1.8Al-0.05Nb-0.2V) processed 
via cold rolling and ART treatment retaining about 28% RA. In com-
parison, Liu et al. [50] reported relatively high mechanical properties 
(YS ~700 MPa, UTS 1025 MPa, TEL 40%) for a cold rolled and ART 
treated (TP/tP = 650 ◦C/30 min) Nb–Mo microalloyed 4.73% Mn steel 
(total alloying content <6%). In particular, the UTSxTEL (41 GPa%) was 
excellent based on a significantly high RA fraction of 39%. In compar-
ison, Kang et al. [51] obtained even higher strength (YS ~880 MPa, UTS 
1152 MPa) with reasonable ductility (TEL 29%) for an ART-treated 
(TP/tP = 700 ◦C/1.5 h) 0.23C-0.96Si-3.51Mn-0.95Al-0.48V-0.20Mo 
steel. The corresponding UTS x TEL, however, was slightly lower 
(33.5 GPa%) compared to that reported by Liu et al. [50], as a conse-
quence of relatively low RA content (18%). In the present study, the UTS 
level of the laboratory hot-rolled and ART processed specimens (Table 5) 
ranged from 1200 to 1630 MPa, and corresponding TEL from 13 to 20% 
(UTS x TEL 21–25 GPa%) with the RA fraction varying between 11 and 
20% (Table 7). Thus, the targeted UTS of 1500 MPa seems possible to 
achieve in the hot rolled and ART treated samples without employing 
the conventional cold rolling step (Tables 5 and 6). 

By comparing the Gleeble physical simulation results obtained for 
Steel B following the QP and ART treatments, it can be noticed that 
about the same level of RA (RA 26% and 27%, respectively; Fig. 7 and 
Table 2) could be obtained. However, the UTSxTEL products were quite 
different depending on the experimental conditions. Evidently, the QP 
sample was harder (456 HV) essentially due to the martensitic matrix 
(after partitioning at the relatively low temperature of 400 ◦C for 1000 
s). In comparison, the hardness of ART Gleeble sample treated at 660 ◦C 
for 100 s was relatively low (383 HV) due to a highly tempered 

Table 7 
A comparison of RA fractions, carbon contents of RA and hardness data of 
Gleeble tested and laboratory hot rolled samples.  

Material Gleeble Hot 
Rolled 

Gleeble Hot 
Rolled 

Gleeble Hot 
Rolled 

RA% RA % RA C% RA C% HV10 HV10 

Steel A-QP (TQ 
= 100 ◦C TP 
= 400 ◦C tP =
1000s) 

11 6 1.03 1.01 481 514 

Steel B-QP (TQ 
= 100 ◦C TP 
= 350 ◦C tP =
1000s) 

20 16 0.94 0.84 486 506 

Steel C-QP (TQ 
= 150 ◦C TP 
= 400 ◦C tP =
1000s) 

17 15 0.99 1.05 486 512 

Steel A-ART (TR 
= 710 ◦C tR =
1000s) 

22 33 0.46 0.68 477 317 

Steel B-ART (TR 
= 630 ◦C tR =
1000s) 

25 11 0.49 0.58 361 363 

Steel C-ART (TR 
= 710 ◦C tR =
5000s) 

24 28 0.63 0.48 464 417  

Table 8 
RA fractions with respective carbon contents of tensile tested samples. XRD 
measurements conducted at ~0.5 mm from fractured ends.  

Material RA% RA C% 

Steel A-QP (TQ = 100 ◦C TP = 400 ◦C tP = 1000s) 1.4 1.13 
Steel B-QP (TQ = 100 ◦C TP = 350 ◦C tP = 1000s) ND ND 
Steel C-QP (TQ = 150 ◦C TP = 400 ◦C tP = 1000s) 2.2 1.26 
Steel A-ART (TR = 710 ◦C tR = 1000s) <1a – 
Steel B-ART (TR = 630 ◦C tR = 1000s) ND ND 
Steel C-ART (TR = 710 ◦C tR = 5000s) <1a – 

ND = Not detectable. 
a Fitting for Rietveld analysis not possible with RA fraction <1%. 

Table 9 
Referred mechanical properties of ART-treated medium Mn steels.  

Material YS 
[MPa] 

UTS 
[MPa] 

TEL 
[%] 

UTS*TEL 
[GPa%] 

RA 
[%] 

Ref. 

0.27C- 
3.5Mn 

542 780 33 26.1 28 Han et al. 
[49] 

0.12C- 
4.7Mn 

~700 1025 40 41 39 Liu et al. 
[50] 

0.23C- 
3.5Mn 

~880 1152 29 33.5 18 Kang 
et al. [51]  
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martensitic (ferritic) matrix. Correspondingly, the laboratory hot rolled 
QP sample exhibited lower total and uniform elongations compared to 
those of the ART processed sample (Table 5). Thus, the preference of the 
processing route depends on the desired property combination among 
others. 

5. Summary 

Three medium-Mn steels with variable Mn (3 or 4 wt%) and Ni (1 or 
2 wt%) contents were processed using the QP and ART schedules on a 
thermomechanical simulator and the resultant microstructures and RA 
fractions were extensively characterized. Hardness was also measured 
on all specimens. Based on the physical simulation results, preliminary 
hot rolling and QP and ART processing conditions were selected and 
applied to few samples to determine achievable hardness and tensile 
properties. The main results and conclusions can be summarized as 
follows: 

In the QP processing, the RA fraction increased with increasing the 
partitioning temperature up to 400 ◦C (for the constant holding time of 
1000 s), but decreased at 500 ◦C. The highest RA fractions were ach-
ieved in the 4%Mn and 2%Ni bearing steel (Steel B), obviously due to 
the higher contents of the austenite stabilization elements. It is antici-
pated that a higher quenching temperature (above 150 ◦C) would enable 
achieving somewhat higher RA fractions in 3%Mn and 1%Ni bearing 
steels. 

In QP processed steels, the maximum RA fractions were 11, 26 and 
17% for Steel A (0.3C–3Mn–1Ni-0.2Mo–1Si), B (0.3C–4Mn–2Ni- 
0.2Mo–1Si) and C (0.3C–3Mn–1Ni-0.4Mo–1Si-0.2V) respectively (par-
titioning at 400 ◦C for 1000 s). Most of RA had the blocky morphology 
and the average carbon content was estimated to be about 0.99% for 
Steels A and C, and 0.89% for Steel B. The matrix consisted of tempered 
lath martensite with fine carbides. 

The QP treated steels did not exhibit considerable bainite formation 
during partitioning up to the holding time of 1000 s, except the 3%Mn 
and 1%Ni bearing steel (Steel A) at 500 ◦C. It seems that the combined 
effect of Mn and Si suppresses the bainitic transformation, similarly as 
Mo and V do. 

In the ART processing, the amount of RA was dependent on the steel 
composition, annealing temperature and duration. The maximum in RA 
fraction was achieved by increasing the ART temperature up to a certain 
peak temperature, beyond which the fraction dropped owing to the 
formation of new martensite upon final cooling. On the other hand, 
prolonged soaking (up to 5000 s) at temperatures up to the peak tem-
perature stabilized more RA. The influence of the annealing temperature 
is strong, for in the case of Steel B, the RA fraction is 27% after annealing 
for 5000 s at 630 ◦C, 49% at 660 ◦C and 18% at 690 ◦C, indicating the 
need of precise control. 

The maximum RA fraction obtained was 49% for Steel B (at 660 ◦C, 
5000 s). For Steels A and C, the highest RA fractions were 22% and 26% 
respectively, for the annealing temperatures (690 ◦C and above) adopted 
in the experiments were too high to achieve the maximum RA fractions. 
In general, significantly higher RA fractions could be obtained in the 
ART treatment compared to the QP processing. Microstructures con-
tained film-like interlath RA, ferrite (tempered martensite), cementite, 
and also fresh martensite following annealing at high temperatures. 

Comparison of Steel A (0.2%Mo) with Steel C (with 0.4%Mo and 
0.2%V) suggests that the addition of Mo and V has only a minor effect in 
respect of RA fractions, carbon contents of RA, MS temperature and 
hardness values of the ART processed samples in the annealing tem-
perature range of 710–750 ◦C. 

For the QP processed Steel A, B and C, in the condition providing the 
maximum RA fraction, the hardness values were 481, 456 and 486 HV, 
respectively. In the case of ART processed counterparts, the corre-
sponding hardness values were 477, 332 and 407 HV in Steel A, B and C, 
respectively. Low hardness of ART sample may be connected with the 
microstructure containing high-temperature tempered martensite with a 

low carbon content, and a high amount of RA without new martensite. 
In the preliminary tensile tests of the laboratory hot rolled and QP or 

ART treated sheets, the set target of the UTS of 1500 MPa with the RA 
fraction above 10% were found to be well accomplished by the QP- 
processed Steel B (at 350 ◦C, 1000 s), with the UTS of 1690 MPa and 
RA of 24%. The ART treated Steel C (at 710 ◦C, 5000 s) exhibited the 
UTS of 1630 MPa with 26% RA. 
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[3] A.S. Magalhães, I.D. Moutinho, I.R. Oliveira, A.O.V. Ferreira, D.S. Alves, D. 
B. Santos, Ultrafinegrained microstructure in a medium manganese steel after 
warm rolling without intercritical annealing, ISIJ Int. 57 (2017) 1121–1128, 
https://doi.org/10.2355/isijinternational.ISIJINT-2016-733. 

[4] E. De Moor, J.G. Speer, D.K. Matlock, J.-H. Kwak, S.-B. Lee, Effect of carbon and 
manganese on the quenching and partitioning response of CMnSi steels, ISIJ Int. 51 
(2011) 137–144, https://doi.org/10.2355/isijinternational.51.137. 

[5] J. Speer, D.K. Matlock, B.C. De Cooman, J.G. Schroth, Carbon partitioning into 
austenite after martensite transformation, Acta Mater. 51 (2003) 2611–2622, 
https://doi.org/10.1016/S1359-6454(03)00059-4. 

[6] Y. Toji, G. Miyamoto, D. Raabe, Carbon partitioning during quenching and 
partitioning heat treatment accompanied by carbide precipitation, Acta Mater. 86 
(2015) 137–147, https://doi.org/10.1016/j.actamat.2014.11.049. 

[7] A. di Schino, C. Braccesi, F. Cianetti, P.E. di Nunzio, S. Mengaroni, P.R. Calvillo, J. 
M. Cabrera, Manganese effect on Q&P CMnSi steels, Mater. Sci. Forum 879 (2016) 
430–435. https://doi.org/10.4028/www.scientific.net/MSF.879.430. 

[8] D. Lee, J.K. Kim, S. Lee, K. Lee, B.C. De Cooman, Microstructures and mechanical 
properties of Ti and Mo micro-alloyed medium Mn steel, Mater. Sci. Eng. 706 
(2017) 1–14, https://doi.org/10.1016/j.msea.2017.08.110. 

[9] H. Wang, Y. Zhang, R. Ran, Y. Wang, J. Kang, Y. Li, R.D.K. Misra, G. Yuan, 
G. Wang, A medium-Mn steel processed by novel twin-roll strip casting route, 
Mater. Sci. Technol. 35 (2019) 1227–1238, https://doi.org/10.1080/ 
02670836.2019.1618620. 

[10] S. Lee, S.J. Lee, B.C. De Cooman, Austenite stability of ultrafine-grained 
transformation-induced plasticity steel with Mn partitioning, Scripta Mater. 65 
(2011) 225–228, https://doi.org/10.1016/j.scriptamat.2011.04.010. 

[11] W. Huo, R. Song, Z. Zhang, Y. Wang, N. Zhou, S. Zhao, Y. Zhang, J. Sun, Effect of 
Nb contents on microstructure characteristics and yielding behavior of 
Fe–4Mn–2Al-0.2C steel, Mater. Sci. Eng. 819 (2021) 1–12, https://doi.org/ 
10.1016/j.msea.2021.141457. 

P. Kantanen et al.                                                                                                                                                                                                                              

https://doi.org/10.1016/j.msea.2018.07.080
https://doi.org/10.1016/j.msea.2020.140023
https://doi.org/10.1016/j.msea.2020.140023
https://doi.org/10.2355/isijinternational.ISIJINT-2016-733
https://doi.org/10.2355/isijinternational.51.137
https://doi.org/10.1016/S1359-6454(03)00059-4
https://doi.org/10.1016/j.actamat.2014.11.049
https://doi.org/10.4028/www.scientific.net/MSF.879.430
https://doi.org/10.1016/j.msea.2017.08.110
https://doi.org/10.1080/02670836.2019.1618620
https://doi.org/10.1080/02670836.2019.1618620
https://doi.org/10.1016/j.scriptamat.2011.04.010
https://doi.org/10.1016/j.msea.2021.141457
https://doi.org/10.1016/j.msea.2021.141457


Materials Science & Engineering A 847 (2022) 143341

16

[12] P. Kantanen, M. Somani, A. Kaijalainen, O. Haiko, D. Porter, J. Kömi, 
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