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1 Introduction

Different carbon and silicon carbide based materials have been extensively
studied recently because of their many potential technological applications.
Silicon carbide is a wide band gap semiconductor with a variety of stable
atomic configurations. Its crystalline forms can be used in high-voltage or
high-temperature electronic devices[1, 2], as a powder it can be sintered into
hard ceramics or used as an abrasive[3]. In more recent research, nanos-
tructured silicon carbide, such as in the form of nanowires, has been found
to have promising electronic and mechanical properties suitable for use in
nanoscale electronics[4].

As for allotropes of carbon, graphene especially has had an impact in
materials research. Its notable properties include high electric and thermal
conductivity, extremely high tensile strength, and effective thickness of under
a nanometer. The numerous uses that have been envisioned for the material
in areas including nanoelectronics, energy technology and lightweight com-
posites, have made the search of a commercially viable large-scale method of
production one of the foremost scientific pursuits of the present day.[5, 6]

Graphene and nanostructured silicon carbide both can be produced in
small amounts through thermal decomposition of silicon and carbon con-
taining powders. The exact properties of the produced nanostructures has
been shown to be dependent on the used precursor powder[7]. To investigate
the effects of different precursor powders and annealing temperatures on the
produced materials Miettinen et al. synthesized[8] and annealed[9] powders
of silicon-carbon nanoparticles of up to 100 nm in size with varying degrees of
crystallinity in temperatures ranging from 1900 ◦C to 2600 ◦C for 30 minutes.
In addition to crystalline silicon carbide and multilayered sheets of graphene,
so called carbon nanoflowers were found. The nanoflowers were spherical par-
ticles consisting of curved sheets of multilayered carbon, the number of which
depended on the precursor material and the annealing temperature, growing
from an amorphous silicon carbide core.

Computer simulations are frequently utilized for the reproduction of ex-
periments or parts of them to get a closer look into the microscopic details of
the process often invisible in experimental situations. I would like to simulate
the growth of one of these nanoflowers, however, considering the number of
atoms that fit into a sphere of 100 nm in diameter and the computing power
it would take to simulate that number with any method, I settle for a sig-
nificantly smaller nanoparticle, and would consider the formation of just two
carbon layers an indication that the growth of a larger nanoflower might be
possible to simulate. I performed simulations of two silicon carbide nanopar-
ticles roughly 9 and 3 nm in diameter. The goal of the former simulation was
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originally to estimate the smallest, and therefore least computationally ex-
pensive, nanoparticle that would produce more than one carbon layer when
annealed, while the latter is a reproduction of an earlier simulation showing
the separation of a single layer of carbon from a silicon and carbon con-
taining core. While the larger simulation didn’t fulfill its original purpose, I
can still use information gained from it to examine structural changes in the
nanoparticle and retrospectively evaluate some of the choices made in the
setup of the simulation and point out some alternatives for possible future
simulations.

I used LAMMPS[10](Large-scale Atomic/Molecular Massively Parallel
Simulator), an open-source classical molecular dynamics code, to run the
simulations. Molecular dynamics is, simply put, following the time evolution
of the positions and momenta of a group of atoms by discretely integrating
their equations of motion[11]. The integration is done with an algorithm such
as the velocity Verlet, which basically does the following: at each time step
potential energies of the atoms are calculated based on their positions rela-
tive to each other, then the momenta of the atoms are adjusted based on the
gradients of the potentials, and finally new positions are calculated based
on the momenta. The process is then repeated for some suitable number
of timesteps. How well the calculated trajectory represents reality depends
mainly on the quality of the interatomic potential, which has a number of
parameters adjusted to match sets of experimental or first principles results.
The trajectory obtained in this way is a set of configurations distributed
according to some statistical ensemble, and as such is not of any particular
relevance by itself. However, physical quantities can be obtained by taking
averages over the configurations. Beyond the calculation of thermodynamic
properties of systems through the averages, the traditional use of molecu-
lar dynamics, nowadays it is also used for other purposes, such as gaining
qualitative information on non-equilibrium processes.

Thanks to the widespread interest in materials consisting of silicon and
carbon, a multitude of potentials have been developed to describe the in-
teractions between combinations of those atoms. Among the most widely
employed are versions of the bond order potential by Tersoff[12], especially
the version parametrized by Erhart and Albe[13].

In section 2 I present the setup of the simulations along with the po-
tential, the thermostat, and the integrator used in them. In section 3.1 I
exhibit some of the output of the simulations in the form of snapshots, radial
distribution functions, and graphs of numerical data. In section 3.2 I discuss
some amendments that would likely make future simulations more accurate.
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2 Simulation

2.1 Setup

While classical molecular dynamics is significantly less computationally ex-
pensive than any ab initio methods, the size, and more importantly, time
scales of simulations is still limited. Given a supercomputer or a high per-
formance computing cluster, one could probably simulate the annealing of
a nanoparticle 100 nm in diameter. However, it is doubtful that notable
changes could be seen in a nanoparticle of that size in any reasonable time
frame. Because of the limited computing power readily available to me, the
sizes of the nanoparticles have to be cut down to small fractions of experi-
mental scale. The smaller of the two had initially 3061 atoms, and was kept
in constant temperature for 240 ns, in additon to a brief heating period. The
larger had 20521 atoms, and was simulated for 340 ns. The nanoparticles
were created by placing the atoms to a spherical region in the center of a
simulation box in the cubic silicon carbide structure, ensuring roughly equal
numbers of silicon and carbon atoms. Atoms dissociated from the nanopar-
ticle were removed from the simulation upon leaving the bounds of the sim-
ulation box. The temperatures were 2900 K and 3200 K for the larger and
smaller nanoparticles respectively. The primary reason for the temperature
of the larger simulation was its proximity to 2600 ◦C, the highest tempera-
ture used in the experiment, another reason being that the initial crystalline
structure is lost above 2800 K, removing the need to make the nanoparticle
amorphous separately. Furthermore, higher themperature means higher rate
of desorption. I ran the smaller simulation at an even higher temperature, as
the goal was not accuracy, but rather to show that a carbon layer grows at all,
giving some justification for the expectation that a more sizeable simulation
might produce more than one layer. Timestep length of ∆t = 1 fs was used
for both simulations. Apart from the size and time scales, the largest depar-
ture from the experimental conditions is the lack of an argon atmosphere in
the simulations, which also means that the pressure in the simulation boxes
was not controlled. No atmosphere was added due to the aforementioned
limits of available computing power.

2.2 Thermostatting

To achieve constant temperatures in the simulations, time integration is per-
formed on Nosé-Hoover[14, 15] style equations of motion with a chain of
thermostats[16] which drive the generation of canonically distributed posi-
tions ri, and momenta pi for a closed system. The dynamics can be expressed
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as
ṙi =
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ṗηk =

[
p2
ηk−1

Qk−1

− kT

]
− pηk

pηk+1

Qk+1

,
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is the force derived from the potential V (r)
described below. It can be shown that the equations have the phase space
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The inclusion of multiple coupled thermostats ensures proper generation of
a canonical distribution in some cases where a single thermostat fails[16]. It
should be noted that the addition of the extra thermostats doesn’t signif-
icantly increase the number of required calculations per time step as only
the first one interacts with the 3N momenta of the atoms. In truth, in the
simulations described here, the quantity H ′ is not conserved as the number
of atoms in the system changes.
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2.3 Integrator

The time integration of the equations of motion is done with a modified
version of the velocity Verlet algorithm[17]. The state Γ = Γ(r,p,pηk ,η, t)
of the system at time t+∆t is generated by applying the Liouville propagator
to the state at t

Γ(t+ ∆t) = eiL∆tΓ(t),

where the Liouville operator

iL = Γ̇ · ∇Γ

For the Nosé-Hoover chain, the Liouville operator can be separated to three
parts

iL = iL1 + iL2 + iLT ,

where

iL1 =
N∑
i=1

pi
mi

· ∂
∂ri

, iL2 =
N∑
i=1

ṗi
mi

· ∂

∂pi
,

and

iLT =
M∑
k=1

[
pηk
Qk

∂

∂ηk
+

(
p2
ηk−1

Qk−1

− kT
)

∂

∂pηk

]
−

N∑
i=1

pη1
Q1

pi·
∂

∂pi
−
M−1∑
k=1

pηk+1

Qk+1

pηk
∂

∂pηk
.

Using Trotter factorization, the propagator can be written as

eiL∆t = e
1
2
iLT ∆te

1
2
iL2∆teiL1∆te

1
2
iL2∆te

1
2
iLT ∆t

The modified velocity Verlet algorithm can be implemented by applying the
parts of factorized form of the propagator to the positions r, momenta p, and
thermostat variables η and p′η. The parts of the propagator do the following:

1. e
1
2
iLT ∆t updates the thermostat variables and applies their effects to

the momenta p(t) to get p′(t)

2. e
1
2
iL2∆t changes the momenta p′(t) to p(t+ ∆t

2
)

3. eiL1∆t changes the positions r(t) to r(t+ ∆t)

4. e
1
2
iL2∆t changes the momenta p(t+ ∆t

2
) to

p′(t+ ∆t)

5. e
1
2
iLT ∆t updates the thermostat variables and applies their effects to

the momenta p′(t+ ∆t) to get p(t+ ∆t)
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Boundary conditions should be applied and new forces F(r) = −∂V (r)
∂ri

cal-
culated after applying the third part of the propagator. The integrator al-
gorithm as presented here is not necessarily exactly as it is implemented in
LAMMPS but should be equivalent.

2.4 Potential

The interactions between atoms are modeled with the Tersoff[12] style bond-
order potential parametrized by Erhart and Albe[13] (from here on referred
to as TEA). Bond-order potentials are a class of potentials where a sum of
simple pairwise attractive and repulsive terms give the interatomic bonds,
the strength of which is modified with a coefficient taking into account the
effects of the pair’s environment. The functional form of the bond-order
potentials can be arrived at through a lenghty derivation starting from the
tight-binding model using moment expansions for the densities of states[18].

TEA gives the total potential energy Vi for atom i as

Vi =
∑
i>j

fC(rij) [VR(rij)− bijVA(rij))] ,

where VR is the pairwise repulsive contribution of the form

VR(r) =
D0

S − 1
exp[−β

√
2S(r − r0)],

VA is the pairwise attractive term and is given by

VA(r) =
SD0

S − 1
exp[−β

√
2

S
(r − r0)]

Here the parameters D0 and r0 are fitted to the dimer energy and bond length
respectively, β is fitted to the ground-state oscillation frequency of the dimer,
and S to the slope of the Pauling plot. Interactions are restricted to the first
neighbors of atom i by the cutoff function

fC(r) =


1 , r < R−D
1
2
− 1

2
sin(π

2
r−R
D

) , |R− r| ≤ D

0 , r > R +D,

where the parameter R is the distance from the atom to the inner edge of
the cutoff region and D is the thickness of the region. The bond-order is

bij =
1√

1 + χij
,
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where
χij =

∑
k( 6=i,j)

fC(rik) exp [2µ(rij − rik)g(θijk)] ,

where in turn

g(θ) = γ

[
1 +

c2

d2
− c2

d2 + (h+ cos θ)2

]
gives the three-body part of the potential, in which 2µ, γ, c, d, and h are
adjustable parameters. The main reason for using a Tersoff potential in the
simulations was it being easily available, i.e. already included in LAMMPS,
and the TEA parametrization was used because of the ones I had found at the
time, it seemed most suitable for the task without a need to change the po-
tential functions themselves. It turns out that the potential of choice for the
simulation fails in modeling the sublimation behavior of the nanoparticles,
which should become apparent in the next section.

3 Results and discussion

3.1 Simulation output

I’ll start by looking whether the decision to start the annealing process with
the crystalline structure intact had any noticeable effect in the behavior of the
simulated nanoparticles. Looking at Fig. 1 it is clear that a phase transition
occurs in the nanoparticle. It has been previously reported[19] that silicon
carbide melts in some circumstances around 2800 K in molecular dynamics
simulations with Tersoff style potentials. On a side note, in the bulk regime
the same potentials give a transition temperature 200-400 K above that[20].
It has also been pointed out that in reality silicon carbide does not melt at
all, but sublimes in lower temperatures[21]. The phase diagram[22], however,
shows a peritectic transition at about 2820 K involving silicon carbide and a
liquid of 27 atomic percent carbon.

For some more detailed information to the nanoparticles’ structure and
the changes thereof than looking at snapshots can give, I also calculated their
radial distribution functions. The radial distribution function(RDF or g(r))
gives the probability of finding an atom at distance r from a reference atom
in the system of interest relative to ideal gas, where interatomic distances
are completely uncorrelated:

g(r) =
n(r)

4πρr2∆r
,
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Figure 1: Snapshots of the larger nanoparticle. Grey spheres represent car-
bon, orange spheres silicon, and the lines between atoms connect nearest
neighbors. The initial crystalline structure is visible in the first snapshot.
The particle has completely transitioned from the crystalline phase by 90 ns.
Visualization was done with VMD [23].

where n(r) is the mean number of atoms in a shell of width ∆r at distance
r from the reference atom and ρ is the mean atom density. The RDF of a
system is a Fourier transform of the system’s structure factor and thus can
be deduced from experimental results obtained through e.g. x-ray or neutron
diffraction. Because LAMMPS calculates ρ as the total number of particles
in a simulation box divided by the volume of the box, and in my simulations
most of the box is empty, the calculations of the radial distribution functions
were limited to boxes near the centers of the nanoparticles. The size of the
boxes was small enough to leave the surface out of the calculations in the case
of the larger nanoparticle. Due to the fact that some of the nanoparticles in
the experiment were amorphous, and the visible absence of any long range
ordering in the nanoparticle at 90 ns, it seems to make sense to compare
its RDF to that of amorphous silicon carbide (a-SiC). For the purposes of
this comparison I produced two configurations for bulk a-SiC at 3000 K and
100 K in a fashion similar to that described by Ishimaru et al.[25], though I
used fewer timesteps for the process to save time. By visual comparison the
results look virtually identical to those by Ishimaru et al.[26] and Pastewka
et al.[20].

In Fig. 2, the RDF of the nanoparticle is shown along with the RDF of
a-SiC at two different temperatures, one of them being close to the nanopar-
ticle’s temperature. The first and second peaks at ∼1.45 Å and ∼1.85 Å are
close to the first neighbor distances in graphite and crystalline silicon carbide,
respectively. The small bump visible in the RDF of a-SiC is situated around
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Figure 2: The radial distribution functions of the larger nanoparticle at 90
ns and bulk amorphous silicon carbide at 100 K and 3000K. Vertical lines are
at 1.48, 1.88, 2.4, and 3.2 Å to highlight the peaks. The functions are shifted
vertically to be more easily distinguishable. Graphs drawn with Mathemat-
ica[24].

2.4 Å, similar to the bond length in crystalline silicon. The fourth bump
is a combination of the second neighbor C-C, C-Si, and Si-Si correlations,
which can be seen in the partial radial distribution functions shown in Fig.
3. A small peak at around 2.6 Å, close to the second neighbor distance in
diamond.

Integrals over the first peaks in the partial distribution functions give
the corresponding coordination numbers zi−j, which describe the average
number of neighbors of the type j each atom of the type i has. The nanopar-
ticle’s partial coordination numbers from the silicon-silicon, silicon-carbon,
and carbon-carbon radial distribution functions are zSi−Si = 1.23, zSi−C =
2.06, and zC−C = 1.13, from which the total coordination number for silicon
zSi = 3.29 and for carbon zC = 3.19. The values for the a-SiC simulated
using the TEA potential at 100 K are zSi = 3.55 and zC = 3.23, and at 3000
K zSi = 3.45 and zC = 3.12. Looking at the similar coordination numbers
and the almost indentical radial distribution functions, it would seem that
TEA produces similar results whether the system is first heated to a high
temperature and subsequently quenched or just treated isothermally starting
from a crystalline structure.

What is curious about these coordination numbers, however, is that they
disagree quite badly with the experimental results zSi = 3.99 and zC =
3.98 by Kaloyeros et al.[27] through extended x-ray absorption and electron
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Figure 3: Partial radial distribution functions and corresponding coordina-
tion numbers of the larger nanoparticle at 90 ns. The coordination number
is calculated by integrating over the first peak of the RDF and multiplying
by the average volume density of atoms.

energy loss fine-structure measurements. Without looking into the matter
more closely, I can’t say if the underestimation of the coordination numbers
in my simulations is due to the TEA potential or the hasty production of the
a-SiC coinciding with lower coordination in the nanoparticle. Remembering
that the intended goal for the simulations wasn’t to see transitions form long
range ordering to short, but rather the other way around, I’ll just push the low
coordination numbers aside for now, noting that TEA has been reported by
Pastewka et al.[20] to reproduce the experimental[26] a-SiC RDF reasonably
well, though they don’t discuss coordination numbers and the whole paper
is dedicated to fixing the inadequate descriptions of amorphous materials by
various bond-order potentials.

In Fig. 4 is shown the time evolution of the RDF for both nanoparticles,
illuminating the change in structure beyond the first few dozen nanoseconds.
What drives the most noticeable change is no longer the loss of long range
ordering, but the dissociation of silicon from the nanoparticles. In the case of
the larger nanoparticle, or at least its core, the drop in the number of silicon
atoms isn’t really apparent in the RDF, where the only change is an increase
in the number of C-C pairs with the interatomic distance of about 1.47 Å. In
the smaller nanoparticle the decrease in the number of silicon atoms is clearly
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Figure 4: Radial distribution functions of the nanoparticles at various times.
In (a) the peak at ∼1.45 Å grows over time. Changes in (b) are more pro-
nounced. Appearance of new noticeable peaks beyond the first few indicates
growing crystalline structures.

visible in the second peak, which indicates the average number of Si-C pairs.
As for carbon, beyond the dramatic increase in C-C pairs, towards the end
of the simulation new peaks rise in the RDF, marking the reappearance of
longer range ordering, i.e. the existence of a crystalline solid. The ordering
of the structure of the smaller nanoparticle is evident in Fig. 5. As the
silicon atoms detach from the surface of the nanoparticle, the carbon left
behind forms rings. Over time the rings expand into small patches, which
bulge outward leaving only the edges of patch connected to the silicon carbide
core. Nearing the end of the simulation, most of the surface consists of one
single-layered graphene-like sheet of carbon.

Fig. 6 shows the change in the number of silicon and carbon atoms
during the simulations relative to the initial numbers. It is clear from the
line for silicon atoms in the larger nanoparticle that I underestimated the
time required for enough dissociation to happen for the desired growth of
carbon layers to occur. In the smaller simulation, the carbon layer begun
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Figure 5: Snapshots of the smaller nanoparticle. In the latter three snapshots
the formation of graphene-like carbon layers is visible. The last two also
clearly show their separation from the silicon carbide core.
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Figure 6: The number of atoms as a percentage of the initial number Ni.
Obviously the shorter lines are for the smaller nanoparticle, longer for the
larger. Initial values were 10336 silicon atoms and 10185 carbon atoms in
the larger, and 1556 silicon and 1505 carbon in the smaller nanoparticle.

its formation around 160 ns, when there was roughly a fifth of the initial
silicon left. Second thing that can be discerned from the graph, specifically
from the silicon line for the smaller nanoparticle, is the drop in the rate
of desorption, which probably results from the decreasing number of silicon
atoms on the surface, as the diffusion from closer to the core must take some
time. Also, nearing the end of the simulation, parts of the surface is shrouded
by the growing carbon layer, which I doubt lets much silicon through itself.
The third and most important piece of information to be attained from the
figure is the low number of carbon atoms leaving the nanoparticles, which
is in quite clear disagreement with experiment, seeing that the growth of
the multilayered graphene sheets or even the crystalline silicon carbide, a
significant amount of carbon needs to be present in the vapor phase. As for
the explanation for this, it can’t be the lack of an atmosphere, as the better
quality graphene sheets grown on silicon carbide in an argon atmosphere
is due to some of the desorbed atoms bouncing back to the surface, thus
decreasing the rate of dissociation. Most likely it is caused by the potential,
the specific reason being the cutoff function, which I will discuss in more
detail below.
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3.2 Changes to future simulations

In case I perform more simulations of similar situations, I’d like to point
out some things that should, or at least could be improved in future setups.
I’ll start with modifications to bring the simulation condition closer to ex-
periment. Apart from the obvious increases to the size of the nanoparticle
and simulation time, the first thing to change should be the initial structure
of the nanoparticle. Making it amorphous in a separate simulation through
melting and quenching or some other method might save some time, con-
sidering the almost 90 ns the larger nanoparticle took to become completely
disordered. In the simulations discussed here the initial structure didn’t seem
to have much effect on the rate of dissociation, but that might change if the
potential is changed. Also, if the simulation is to be compared to an ex-
periment, it is better to have as close a resemblance as reasonably possible
between them right from the beginning, which brings me to the argon at-
mosphere. Adding it, and with it, external pressure control, would of course
increase the number of calculations per timestep and therefore stretch the
length of the simulation, but would serve to make the setting more realistic.
Introducing barostatting to the system would be trivial, as a form of the
Nosé-Hoover chain equations of motion, and the corresponding integrator is
already implemented in LAMMPS. New interactions for Ar-Si, Ar-C, and
Ar-Ar pairs would need to be added. In a paper describing the modeling
of vapor phase condensation of silicon carbon nanoparticles[28], Erhart and
Albe used a Ziegler-Biersack-Littmann(ZBL) potential[29]:

V ZBL
ij =

1

4πε0

ZiZje
2

rij
φ(
rij
a

),

a =
0.36850

Z0.23
i + Z0.23

j

,

φ(x) = 0.18175e−3.19980x+0.50986e−0.94229x+0.28022e−0.80290x+0.02817e−0.20162x,

where Zi and Zj are multiples of nuclear charges, e.g. 6 for carbon. ZBL
is based on the assumption that at very small distances the repulsive in-
teraction is Coulombic, and with longer distances the electrons screen the
nuclei from each other, thus the Coulombic interaction is multiplied with
the screening function φ. In an earlier article for a similar model for silicon
nanoparticles[30], they also tried a purely repulsive form of the Lennard-
Jones potential[31], apparently cutting the attractive term out of the usual
form:

V LJ(rij) = 4ε

[(
σ

rij

)12

−
(
σ

rij

)6
]
,
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where ε is the minimum of the potential and σ is the distance at which
the potential is zero. They also noted that for their use, which potential
they used for the argon interactions didn’t seem to make any difference, and
recommended the use of whichever is computationally less expensive.

As for the Si-Si, Si-C, and C-C interactions, I think it is now quite clear
that the TEA potential does not accurately describe the dissociation of atoms
from the nanoparticle, and possibly has some difficulty describing the coor-
dination in amorphous silicon carbide. In fact, Pastewka et al. have pointed
out some of the trouble TEA and other similar bond-order potentials have
with modeling amorphous solids[20], such as predicting ductility for mate-
rials which are brittle in reality. They single out the cutoff function as the
cause of the inadequacy. The cutoff function in its present form forces the
potential energy to zero within a short distance to take into account only the
first neighbors of a given atom. This is fine for crystalline solids, where the
separation between the first and second-nearest neighbors is relatively large,
and the cutoff can be physically motivated by noting that the potential fol-
lows a different functional form smaller in magnitude for the more distant
neighbors. Because the radial pair distribution beyond the nearest atoms is
more uniform in liquids, and more relevantly to my simulations, in amor-
phous solids, the same justification doesn’t hold anymore. Additionally, the
thinness of the cutoff region doesn’t allow for smooth sloping of the poten-
tial energy as interatomic distance grows. This leads to an overestimation
of the strength of the bonds, causing the unrealistic ductile behavior, and
may well be the reason for the low rate of desorption of carbon atoms from
the nanoparticle. Pastewka et al. also propose a solution for the problem,
namely replacing the cutoff function with a somewhat more complex switch-
ing procedure. With the old cutoff function, the bond between atoms i and j
is affected by atoms k found in a spherical region around atom i. In the new
approach, a screening effect is caused to the bond between atoms i and j by
atoms k if they are within an ellipsoid of rotation with the distance between
atoms i and j being one of the principal axes of the generating ellipse. In
other words the distance of atom k isn’t measured from one of the atoms of
the pair i-j, but the bond between them. The measure for the distance of
the atom from the bond is given by

Cijk =
2(Xik +Xjk)− (Xik −Xjk)

2 − 1

1− (Xik −Xjk)2
,

where

Xik =

(
rik
rij

)2

.
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The magnitude of the screening effect is given by

Σij =
∏

k,Cijk<Cmax

exp

[
−
(
Cmax − Cijk
Cijk − Cmin

)2
]
,

where Cmax is the maximum distance for k to have an effect on the bond,
and if k is within Cmin, the bond is considered completely screened. In high
pressures, where the structure is more highly coordinated, it is not desirable
for this screening to happen. Therefore, an inner core region where the
screening is turned off is added around the atoms. With a further addition
of an outer cutoff shell which forces the potential to zero, the form of the
switch function is

S(ij) = fS(rij) + [1− fS(rij)]f
∗
C(rij)Σij,

where

fS(r) =


1 , r ≤ r1

exp

[
−
(

2 r−r1
r2−r

)2
]

, r1 < r < r2

0 , r ≥ r2,

and f ∗C is of the same form as fS but the limits are r∗1 and r∗2, which define
the edges of the outer cutoff shell. Due to the longer range of the modified
potential, a small change also needs to be made into how the bond-order is
calculated. In the case of TEA the coefficient χij becomes

χij =
∑
k( 6=i,j)

S(rik) exp
{

[2µ(rij − rik)g(θijk)]
3} ,

and the parameter µ therein needs to be modified.
Just by changing the cutoff procedure and introducing a small change

into how the bond-order is calculated, Pastewka et al. achieved proper bond-
breaking in mode I cracks and more accurate properties for amorphous mate-
rials without a complete reparametrization. However, whether the modifica-
tion would make a difference in the sublimation behavior of the nanoparticles
remains an open question. Perhaps a renewed look into the selection of the
parameter set is warranted, this time with the express purpose of finding one
that would better model the thermal decomposition of surfaces. Whether
or not such a set currently exists is unclear as I haven’t encountered previ-
ous works regarding molecular dynamics simulations of silicon carbide being
sublimed.
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4 Conclusions

I performed isothermal simulations of two silicon carbon nanoparticles. The
smaller one, approximately 3 nm in diameter, was simulated for 240 ns at the
temperature 3200 K which resulted in the growth of a single curved carbon
layer around an amorphous silicon carbide core. The larger one, roughly
9 ns in diameter, during its 340 ns of simulation at 2900 K a reduction in
the number of atoms large enough for a noticeable change in structure to
occur was not observed. Instead, it illuminated some of the inadequacies
of the TEA potential for simulations of sublimation of disordered surfaces.
Because of this, I presented the screened version by Pastewka et al. as an
alternative, though whether it actually would improve the simulation would
have to be examined in more detail.

References

[1] M. Ruff, H. Mitlehner, and R. Helbig, “SiC devices: physics and nu-
merical simulation”, Electron Devices, IEEE Transactions on 41, 1040
(1994).

[2] H. Morkoc, S. Strite, G. Gao, M. Lin, B. Sverdlov, and M. Burns,
“Large-band-gap SiC, III-V nitride, and II-VI ZnSe-based semiconduc-
tor device technologies”, Journal of Applied Physics 76, 1363 (1994).

[3] G. Harris, Properties of silicon carbide, EMIS datareviews series (IN-
SPEC, Institution of Electrical Engineers, 1995).

[4] L. Samuelson, C. Thelander, M. Björk, M. Borgström, K. Deppert,
K. Dick, et al., “Semiconductor nanowires for 0D and 1D physics and
applications”, Physica E: Low-dimensional Systems and Nanostructures
25, 313 (2004).

[5] A. K. Geim, “Graphene: status and prospects”, Science 324, 1530
(2009).

[6] A. K. Geim and K. S. Novoselov, “The rise of graphene”, Nature ma-
terials 6, 183 (2007).

[7] J. Zhu, X. Xiong, H. Chen, X. Wu, W. Zhang, and P. K. Chu, “Synthe-
ses and growth mechanisms of 3C-SiC nanostructures from carbon and
silicon powders”, Journal of nanoscience and nanotechnology 9, 6648
(2009).

17



[8] M. Miettinen, M. Johansson, S. Suvanto, J. Riikonen, U. Tapper, T.
Pakkanen, et al., “Atmospheric pressure chemical vapour synthesis of
silicon-carbon nanoceramics from hexamethyldisilane in high tempera-
ture aerosol reactor”, Journal of Nanoparticle Research 13, 4631 (2011).

[9] M. Miettinen, J. Hokkinen, T. Karhunen, T. Torvela, C. Pfüller, M.
Ramsteiner, et al., “Synthesis of novel carbon nanostructures by anneal-
ing of silicon-carbon nanoparticles at atmospheric pressure”, Journal of
nanoparticle research 16, 1 (2014).

[10] S. Plimpton, “Fast parallel algorithms for short-range molecular dy-
namics”, Journal of computational physics 117, 1 (1995).

[11] F. Ercolessi, A molecular dynamics primer, (1997) http://www.fisica.
uniud.it/~ercolessi/md/md/.

[12] J Tersoff, “Modeling solid-state chemistry: interatomic potentials for
multicomponent systems”, Physical Review B 39, 5566 (1989).

[13] P. Erhart and K. Albe, “Analytical potential for atomistic simulations
of silicon, carbon, and silicon carbide”, Physical Review B 71, 035211
(2005).
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